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of  Ti-6A1-4V  metal  matrix  composites  (MMC)  containing  Borsic,  SiC  and  BjC/B 
continuous  fibers  is  reported.  The  potential  high  temperature  application 
of  the  Ti  MMC  was  the  basis  for  thermal  fatigue  experiments. 

The  mechanical  measurements  included  monotonic  and  cyclic  mixed  mode 
testing.  In  the  testing  it  is  found  that  the  crack  follows  the  matrix/fiber 
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formal  to  the  fiber  for  higher  angles  and  longitudinal  loading.  This  leads 
to  properties  that  are  bimodal  in  behavior,  poor  in  the  first  case  and  higher 
in  the  second  case.  Degradation  of  the  interfaces  modified  by  thermal  cycling 
has  a  much  larger  effect  on  the  longitudinal  properties.  The  transverse  proper¬ 
ties  are  dominated  by  the  matrix  properties.  H2O  and  H2  gaseous  environments 
increase  the  room  temperature  fatigue  crack  growth  rate  for  all  the  materials 
in  all  conditions  tested. 

S>An  analysis  of  diffusion  down  the  interface  and  into  the  matrix  is  describee 
and  data  presented  for  both  thermal  fatigue  and  isothermal  treatments.  The 
interface  diffusion  is  about  105  greater  than  the  coupled  diffusion  into  the 
matrix. 

TEM,  EELS  and  AES  results  show  the  interfaces  in  the  Ti  MMC  to  contain 
very  complex  chemical,  crystallographic  and  morphological  features  that  are 
modified  by  exposure  to  humidity  or  a  sulfur  bearing  environment. 

In  addition  segregation  to  the  Interface  and  its  effect  on  the  cohesive 
energy  was  analyzed  with  a  non-equilibrium  thermodynamics  model. 
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TITANIUM  MATRIX/CONTINUOUS  FIBER  COMPOSITE  INTERFACE 
INTERACTIONS  AND  THEIR  INFLUENCE  ON  MECHANICAL  PROPERTIES 


I .  Introduction 

Filamentary  metal-matrix  composites  have  generated  a  considerable 
amount  of  interest  in  the  materials  field  because  of  their  potential 
applications  in  dynamic  structures.  A  metal  matrix  composite  system 
(MMC)  carries  certain  distinct  advantages  over  other  composite  systems. 
High  strength,  modulus,  toughness,  surface  durability,  and  low  notch 
sensitivity  are  just  a  few  of  these  potential  advantages  over  other 
composite  systems. 

Titanium  metal  matrix  composites  are  attractive  for  applications 
requiring  a  stronger  matrix  and  higher  temperature  capability  than 
other  metal  matrix  composites.  Applications  requiring  high  stiffness 
and  low  weight  in  the  450-800 °K  temperature  range  will  benefit  from 
the  development  of  titanium  matrix  composites. 

In  the  research  reported  on  here,  various  experiments  and  analyses 
were  done  to  study  the  effects  of  temperature  and  other  environments 
on  the  interfaces  and  the  mechanical  properties  of  the  titanium 
metal  matrix  composites  reinforced  with  SiC,  Borsic  or  B4C/B  fibers. 
Specimens  of  longitudinal  and  transverse  fiber  orientation  as  well 
as  mixed  mode  orientations  were  used  in  the  mechanical  tests. 

The  mechanical  properties  studied  are  mixed  mode  loading  residual 
strength  after  thermal  and  thermal  fatigue  exposure  and  fatigue 
crack  growth  under  Mode  I  and  Mixed  Mode  loading  after  thermal  treat¬ 
ment  and  in  various  gaseous  environments.  The  condition  of  the 


matrix  fiber  interface  as  a  function  of  the  above  treatments  is 
characterized  with  both  Scanning  Auger  Microscopy  (SAM),  Transmission 
Electron  Microscopy  (TEM)  and  Scanning  Electron  Microscopy  (SEM). 

The  fiber  interface  chemistries  were  modified  by  thermal  treatment 
in  oxygen  and  sulfur  bearing  environments,  under  isothermal  and 
thermal  fatigue  conditions. 

The  composite  materials  used  in  this  investigation  are  Ti-6A1-4V 
metal  matrix  reinforced  with  about  40  V%,  Borsic,  B4C/B  or  SiC  fila¬ 
ments.  Materials  were  obtained  in  the  form  of  sheet  panels  through 
the  Air  Force  Materials  Laboratory.  The  composite  panel  was  cut 
by  electric-discharge-machine  (EDM)  into  specimens. 

II.  Results  and  Discussion 

The  results  obtained  during  this  research  are  given  in  great 
detail  in  Appendices  A-I,  most  of  which  are  copies  of  reprints  or 
preprints  of  published  papers.  In  this  part  of  the  report  the  key 
observations  will  be  summarized  and  the  reader  will  be  referred 
to  the  appendices  for  the  details.  Appendices  A-D  focus  on  the 
nature  of  mixed  mode  crack  propagation.  Appendices  E  and  F  describe 
fatigue  crack  growth  and  thermal  fatigue  effects  on  the  composites. 
Appendix  G  details  the  experimental  results  of  interface  diffusion 
studies  and  the  two-dimensional  diffusion  analysis.  Appendix  H 
is  a  thermodynamic  approach  to  Interface  cohesion  as  Influenced 
by  segregation.  Appendix  I  shows  the  results  of  TEM  analysis  of 
the  Interfaces  of  the  T1-MMC. 

A.  Mixed  Mode  Crack  Growth 

In  the  continuous  fiber  metal  matrix  composites  there  are  two 
primary  directions,  the  longitudinal  parallel  to  the  fiber  and  the 


transverse  normal  to  the  fiber.  Of  more  general  interest  is  how 
a  crack  will  propagate  when  the  fibers  are  loaded  at  an  arbitrary 
angle  to  the  load  axis,  commonly  identified  as  mixed  mode  loading. 
Appendices  A-C  describe  a  series  of  experiments  on  the  mixed  mode 
fracture  of  the  Ti-6A1-4V  MMC  with  SiC,  Borsic  and  B4C/B  fibers. 

-Both  fracture  and  fatigue  crack  growth  measurements  were  made  on 
the  as-received  composites  and  on  samples  isothermal ly  and  thermal - 
fatigued  in  air,  sulfur  and  vacuum  environments.  For  monotonically 
loaded  fracture  specimens,  the  crack  propagated  in  a  self-similar 
manner  from  0°  to  45°  and  normal  to  the  fiber  for  60°  and  above. 

The  fracture  stress  was  very  dependent  on  the  method  of  crack  propaga¬ 
tion.  The  cracks  that  propagated  normal  to  the  fiber  showed  the 
maximum  failure  stress  and  those  that  propagated  in  a  self-similar 
manner  the  lowest  fracture  energy.  This  corresponds  to  interface 
failure  combined  with  fiber  splitting. 

The  impact  of  thermal  treatments  that  result  in  oxygen  or  sulfur 
at  the  interface  on  the  fracture  behavior  is  a  severe  degradation 
of  the  longitudinal  fracture  strength.  This  is  basically  due  to 
the  setting  of  notches  at  the  fiber.  Only  a  limited  amount  of  reduc¬ 
tion  in  fracture  stress  occurs  in  the  cracking  that  is  self-similar 
Including  the  transverse  strength.  This  is  due  to  the  majority 
of  the  transverse  strength  comes  from  the  matrix.  A  simple  model 
of  the  fibers  as  holes  gives  support  to  this  explanation.  The  frac¬ 
ture  stress  when  occurring  in  a  self-similar  manner  can  be  approximated 
by  the  strain  energy  release  at  fracture  model  in  an  orthotropic 
material  given  by  Gj:=Gi+Gn*  Gl  and  Gj j  are  the  strain  energy  release 
components  under  mode  I  and  mode  II  loading. 


The  model  was  extended  further  into  the  fatigue  crack  growth 
behavior.  The  fatigue  crack  growth  was  found  to  follow  the  form 

da/dN  a  (AG/GF)m 

when  propagation  was  self-similar.  aG=aGi+aGh. 

The  above  did  not  explain  the  modification  in  the  growth  rate 
when  a  gaseous  environment  was  present  during  the  fatigue  crack 
growth.  Humid  environments  tended  to  increase  the  crack  growth 
rate.  The  fatigue  crack  growth  rate  increased  as  one  went  from 
longitudinal  loading  to  transverse  loading.  In  each  case  humid 
air  showed  an  increase  in  crack  growth  rate  when  compared  to  tests 
in  vacuum. 

A  significant  problem  was  associated  with  separating  the  relative 
importance  of  interface  failure  and  fiber  splitting  on  the  crack 
growth  rate.  Prior  thermal  treatment,  gaseous  environments  and 
load  ratio  all  impact  the  fatigue  crack  growth  rate.  What  is  clear 
is  that  mixed  mode  fracture  and  fatigue  crack  growth  is  a  complex 
phenomenon  strongly  affected  by  mechanical,  metallurgical  and  environ¬ 
mental  parameters.  Any  model  must  be  used  carefully  due  to  the 
uncertainty  in  the  interfaces,  the  K  calibration,  and  the  interactions 
with  the  environment.  The  reader  is  referred  to  Appendices  A-D 
for  the  details  of  the  results  of  the  mixed  mode  fracture  studies 
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B.  Thermal  Fatigue  and  Fatigue  Crack  Growth 

One  of  the  potential  applications  of  Ti  MMC  is  for  use  at  elevated 
temperatures,  as  high  as  550°C.  Usually  involved  in  the  applications 
are  thermal  excursions  that  can  lead  to  extreme  thermal  fatigue 
problems  that  arise  due  to  the  mismatch  in  coefficients  of  thermal 
expansion  between  the  fiber  and  the  matrix.  Appendices  D-F  discuss 
the  influence  of  the  thermal  cycling  on  the  ambient  fatigue  crack 
growth  behavior.  The  fatigue  crack  growth  studies  were  run  in  vacuum, 
humid  air  and  hydrogen  environments.  The  thermal  cycling  was  done 
in  vacuum,  air  and  a  sulfur  environment.  The  influence  of  the  environ¬ 
ment  on  the  interface  was  established  with  the  SEM  and  AES.  The 
fractography  results  showed  that  the  oxygen  and  sulfur  diffusion 
down  the  interface  produced  a  brittle  layer  that  split  and  degraded 
the  longitudinal  properties.  A  much  thicker  layer  of  both  the  oxide 
and  the  sulfide  was  observed  when  thermal  fatigued  then  under  isother¬ 
mal  aging  for  the  same  elevated  temperature  exposure.  The  impact 
on  the  fracture  properties  of  the  interface  phases  shows  that  thermal 
fatigue  was  much  more  damaging  than  isothermal  exposure. 

The  Hg  and  H2O  gaseous  environmental  effect  was  most  pronounced 
when  the  sulfur  rich  layer  was  present.  This  is  explained  in  terms 
of  the  hydrogen- sulfur  interactions  reducing  the  cohesive  energy 
normal  to  the  interface.  Dry  hydrogen  is  not  as  a  severe  an  embrittler 
in  terms  of  the  fatigue  crack  growth  as  the  humid  air,  but  does 
increase  crack  growth  rate  when  compared  to  dry  N2  or  vacuum  air. 

The  details  of  these  experiments  are  in  Appendices  D-F. 

Additional  studies  trying  to  uniquely  separate  out  interface 
from  fiber  splitting  impact  on  fatigue  crack  growth  were  done. 


SEM  fractography  of  matching  sides  of  the  fracture  surfaces  were 
studied.  What  was  observed  is  that  the  correlations  found  between 
the  fatigue  crack  mode  of  failure  and  the  other  controlled  variables, 
and  reported  in  the  Appendices,  contained  a  large  statistical  varia¬ 
tion.  Much  of  this  is  due  to  the  influence  of  the  Mode  III  component 
-that  is  applied  during  an  unloading  cycle  in  the  thin  plate  material 
used.  Other  contributions  come  from  the  variability  of  the  local 
notch  effects  from  the  interface  region  and  the  variability  in  both 
interface  strength  and  the  transverse  fracture  strength  of  the  fibers. 

C.  Interface  Diffusion 

In  an  attempt  to  quantify  the  diffusion  of  both  oxygen  and 
sulfur  from  the  environment  down  the  interface  between  the  Ti-6A1-4V 
matrix  and  the  fibers  a  series  of  diffusion  experiments  were  run. 

In  addition  a  2-dimensional  analysis  of  the  diffusion  down  the  inter¬ 
face  and  normal  to  the  interface  was  performed.  Included  are  results 
of  the  interface  modifications  due  to  thermal  cycling  treatments 
between  room  temperature  and  550°C  and  isothermal  treatments  at 
550°C  in  gaseous  sulfur  and  air  environments.  The  interaction  between 
the  sulfur  environment  and  the  titanium  MMC  (Ti-6Al-4V/SiC  and  B4C/B) 
fiber  interfaces  was  evaluated  in  terms  of  interface  diffusion. 

The  diffusion  down  the  interface  was  enhanced  under  the  thermal 
cycling  conditions.  The  550°C  sulfur  interface  diffusion  coefficient 
was  found  to  be  5xl0”9  cm^/sec  for  the  SiC  composites  and  7x10"^ 
cm^/sec  for  the  interface  diffusion  in  B4C/B  composites. 

In  addition  to  the  diffusion  down  the  interface,  diffusion 
into  the  matrix  was  studied  with  combined  scanning  Auger  microscopy 


and  inert  ion  sputtering.  The  rapid  diffusion  down  the  boundary 
was  separated  from  the  slow  diffusion  into  the  bulk  resulting  in 
two  one-dimensional  analyses.  The  sulfur  diffusion  down  the  interface 
was  much  larger  than  that  into  the  bulk,  a  10^  difference  in  diffusion 
distance. 

The  details  of  the  study  are  presented  in  Appendix  G. 

D.  Interface  Decohesion  and  Impurity  Elements 

As  part  of  a  broad  base  nonequilibrium  thermodynamic  analysis 
of  the  influence  of  segregating  impurity  elements  on  the  fracture 
behavior  of  interfaces.  Appendix  H,  the  MMC  composites  were  analyzed. 
In  this  limited  model  of  MMC,  the  assumption  was  that  impurity  segre¬ 
gation  was  only  from  the  matrix.  A  strong  case  can  be  made  for 
this  due  to  limited  solubility  of  many  elements  in  the  fibers. 

In  the  Ti  MMC  this  is  particularly  true  for  the  Cl  and  S  impurities 
originating  in  the  Ti  matrix.  With  this  and  several  other  assumptions 
a  calculable  impact  on  the  fracture  behavior  of  segregation  is  possibl 
for  the  composites.  The  data  reported  in  Appendix  H  is  for  grain 
boundary  segregation  in  a  series  of  steels  alloyed  to  test  the  predic¬ 
tions  of  the  model.  For  these  systems  the  model  correlates  to  a 
high  degree  with  the  observed  results. 

E.  TEM  of  Ti  MMC  Interfaces 

In  order  to  determine  the  crystallography  of  the  interface 
phases  samples  of  the  Ti  MMC  were  ion  thinned  to  produce  thin  foils 
of  the  interfaces  of  the  various  systems  for  TEM,  STEM  and  EELS 
analysis.  The  detailed  results  including  the  sputter  parameters 
are  reported  in  Appendix  I. 


In  the  as-received  Ti-6Al-4V/SiC  specimens,  TiO,  TiC  and  Ti02 
were  identified.  For  samples  thermal  cycling  in  a  sulfur  environment 
TiS2  was  the  sulfide  identified. 

TiO  and  TiB2  were  found  in  the  B4C/B  fiber  containing  composite. 

A  more  detailed  analysis  was  done  on  the  Borsic/Ti  composite. 

-In  this  system  combined  TEM  and  EELS  analyses  across  the  interface 
were  performed.  The  SiC  in  the  Borsic  is  found  next  to  the  boron 
and  TiC  at  the  metal  interface.  The  Ti  must  have  reduced  the  SiC 
to  produce  the  TiC.  The  chemistry  starting  from  the  boron  fiber 
and  going  away  from  the  fiber  gave  boron  followed  by  silicon  and 
carbon,  followed  by  titanium,  carbon  and  silicon  and  then  into  the 
titanium  matrix.  These  analyses  show  how  complex  the  interfaces 
are  and  the  many  layers  that  could  act  as  the  lowest  cohesive  energy 
fracture  path.  The  results  presented  here  are  not  complete  and 
only  give  an  indication  of  how  complex  the  interface  is. 

III.  Summary 

Research  on  the  influence  of  the  interface  on  the  mechanical 
properties  of  Ti-6A1-4V  metal  matrix  composites  (MMC)  containing 
Borsic,  SiC  and  B4C/B  continuous  fibers  is  reported.  The  potential 
high  temperature  application  of  the  Ti  MMC  was  the  basis  for  thermal 
fatigue  experiments. 

The  mechanical  measurements  included  monotonic  and  cyclic  mixed 
mode  testing.  In  the  testing  it  is  found  that  the  crack  follows 
the  matrix/fiber  interface  for  angles  from  transverse  loading  up 
to  about  45°  and  propagates  normal  to  the  fiber  for  higher  angles 


and  longitudinal  loading.  This  leads  to  properties  that  are  bimodal 
in  behavior,  poor  in  the  first  case  and  higher  in  the  second  case. 
Degradation  of  the  interfaces  modified  by  thermal  cycling  has  a 
much  larger  effect  on  the  longitudinal  properties.  The  transverse 
properties  are  dominated  by  the  matrix  properties.  H2O  and  Hg  gaseous 
environments  increase  the  room  temperature  fatigue  crack  growth 
rate  for  all  the  materials  in  all  conditions  tested. 

An  analysis  of  diffusion  down  the  Interface  and  into  the  matrix 
is  described  and  data  presented  for  both  thermal  fatigue  and  isothermal 
treatments.  The  interface  diffusion  is  about  10$  greater  than  the 
coupled  diffusion  into  the  matrix. 

TEH,  EELS  and  AES  results  show  the  interfaces  in  the  Ti  W1C 
to  contain  very  complex  chemical,  crystallographic  and  morphological 
features  that  are  modified  by  exposure  to  humidity  or  a  sulfur  bearing 
environment. 

In  addition  segregation  to  the  interface  and  its  effect  on 
the  cohesive  energy  was  analyzed  with  a  non-equilibrium  thermodynamics 
model . 
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APPENDIX  A 


MIXED  MODE  CRACK  PROPAGATION  IN  CONTINUOUS  FIBER  METAL  MATRIX 
COMPOSITES 

D.  S.  Mahulikar,  Y.  H.  Park  and  H.  L.  Marcus 

Department  of  Mechanical  Engineering  and  Materials  Science 

and  Engineering,  The  University  of  Texas  at  Austin 

ABSTRACT 

Metal  Matrix  Composites  are  characterized  by  heterogeneity, 
anisotropy  and  interfaces.  During  Mode  I  loading  a  propagating 
crack  entering  the  brittle  interfacial  region  around  the  fiber 
can  experience  a  mixed  mode  loading  condition  if  the  crack 
grows  around  the  fiber.  The  weak  interfaces  can  significantly 
influence  the  mixed  mode  crack  propagation  behavior  of  the  com¬ 
posites.  It  is  thus  essential  to  consider  the  interfaces  as 
well  as  the  stress  state  around  the  crack  tip  in  order  to  study 
the  mixed  mode  behavior  of  the  Metal  Matrix  Composites.  These 
effects  are  discussed  in  this  paper  on  the  basis  of  microscopic 
observations.  A  brief  review  of  mixed  mode  cracking  in  this 
type  of  composite  is  also  presented. 

INTRODUCTION 

Continuous  fiber  metal  matrix  composites  have  generated  a 
considerable  amount  of  interest  in  the  materials  field  because 
of  their  potential  application  in  the  dynamic  structures.  A 
Metal  Matrix  Composite  system  (MMC)  in  general  consists  of  a 
high  modulus  reinforcement  (e.g.  fibers)  incorporated  in  a 
compatible  metal  matrix.  The  MMC  carries  some  distinct  advan¬ 
tages  over  the  resin-matrix  composite  system  and  the  monolithic 
materials.  These  advantages  include:  high  strength,  high 
modulus,  toughness  and  impact  properties,  excellent  reproduci¬ 
bility  of  properties,  surface  durability,  relatively  low  notch 
sensitivity,  and  lot;  sensitivity  to  changes  in  temperature. 

They  also  exhibit  better  transverse  properties  than  the  resin- 
matrix  composites.  [1] 

However,  the  MMCs  are  characterized  by  heterogeneity,  aniso 
tropy  and  interfaces.  Due  to  the  high  temperatures  involved 
during  the  fabrication  of  the  MMCs,  the  fibers  tend  to  react 
with  the  metal  matrix  forming  interfaces  and  reaction  zones  [2] 
The  chemistry  and  thickness  of  these  interfaces  is  dependent 
on  the  matrix-reinforcement  properties.  [2]  Interfaces  in 
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general  are  the  weak  links  in  the  composite  system.  It  is 
observed,  therefore,  that  many  of  the  mechanical  properties, 
including  off-axis  properties,  are  highly  interface  dependent  [3] 
In  Ti-matrix/coated  boron  fibers  or  SiC  fibers  MMC  system,  for 
example,  a  reaction  zone  is  formed  at  the  fiber/matrix  interface 
during  fabrication.  The  mechanical  properties  of  this  system 
are  known  to  depend  on  the  chemistry  and  the  thickness  of  the 
reaction  zone, [4].  Because  of  the  formation  of  brittle  oxides 
and  carbides  at  the  interfaces  of  Ti  and  the  fibers,  these  zones 
provide  fracture  initiation  or  propagation  sites.  Thus  it  is 
expected  that  propagation  of  a  crack  in  such  composites  is  not 
only  the  function  of  stress  state  around  the  crack  tip,  but  also 
the  nature  of  the  fiber/matrix  interface. 

When  loaded  in  tension,  there  are  various  ways  in  which  a 
MMC  can  fail.  Fracture  modes  of  a  filamentary  composite  in 
general  are  described  in  [5].  Those  related  to  a  brittle 
fiber/ductile  matrix  system  apply  to  the  MMCs.  The  more  impor¬ 
tant  ones  include:  fiber  pull  out,  crack  bridging,  microcracks 
in  matrix,  fiber  failure,  interface  debonding, matrix  failure, 
etc.  Since  there  are  so  many  ways  by  which  a  MMC  can  fail,  it 
would  be  difficult  to  have  a  single  model  which  predicts  its 
fracture  behavior.  In  addition,  the  type  of  loading  involved, 
and  the  stresses  it  generates  at  the  macro  as  well  as  micro 
level  become  very  important  parameters.  On  a  macro  scale  the 
loading  can  either  be  a  single  mode  (mode  I  for  example)  or  a 
mixed  mode.  For  MMCs,  mixed  mode  loading  analysis  is  more  perti¬ 
nent  for  various  reasons.  Firstly,  the  off-axis  strength  of 
these  composites  is  an  important  parameter  in  the  design.  Off- 
axis  loading  involves  a  mixed  mode  analysis  assuming  presence 
of  flaws.  Secondly,  due  to  inherent  anisotropy  and  presence 
of  defect  structures  at  the  fiber/matrix  interfaces,  the  flaws 
do  not  tend  to  propagate  in  a  self-siiiiilar  manner.  Any  change 
in  direction  of  crack  propagation  will  involve  a  mixed  mode 
loading  at  the  micro  level  around  the  crack  tip.  Finally, 
when  a  propagating  flaw  goes  around  the  fiber,  it  experiences 
a  mixed  mode  loading.  These  three  cases  are  shown  in  Fig.  1 
(a,  b  and  c).  In  cases  1(a)  and  1(c)  mode  I  and  II  type  of 
loading  is  predominant,  whereas  in  1(b)  mode  III  type  of  load¬ 
ing  is  also  present. 

Many  attempts  at  modeling  the  mixed  mode  crack  propagation 
in  fibrous  composites  have  been  made.  [5-15].  First  attempts 
included  direct  application  of  the  linear  elastic  fracture 
mechanics,  by  considering  the  composite  a  homogeneous  orthotropic 
linear  elastic  plate.  For  this  case,  in  which  cracks  are  present 
and  extend  in  a  direction  normal  to  one  of  the  planes  of  symmetry 
the  stress  fields  around  the  crack  front  were  simply  separated 
into  symmetric  (mode  I)  and  skew  symmetric  (mode  II)  [7,8].  The 
combined  mode  analysis  consists  of  superposition  of  crack  tip 
stresses  given  by  symmetric  and  skew  symmetric  fields.  Appli¬ 
cation  of  strain  energy  release  rate  criterion  to  combined  mode 
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loading  in  composites  has  been  attempted  [9,10,11]  giving  a 
combined  failure  criteria, 

Gt  +  G__  =  G  .  .  .  , 

I  II  critical 

Where  G  refers  to  the  strain  energy  release  rate  and  suffixes 
I  and  II  denote  the  modes  of  crack  extension.  The  theories, 
however,  are  applicable  only  to  self  similar  crack  growth. 

They  also  ignore  the  inherent  heterogeneity  of  composite  mater¬ 
ials  and  the  effect  of  interfaces. 

For  non-collinear  crack  growth  several  models  have  been 
proposed  [12-15] .  In  these  models  the  main  crack  is  oriented 
parallel  to  the  fiber  direction.  For  the  mixed  mode  loading 
Sih[13,14]  introduced  a  strain  energy  density  concept  to  deter¬ 
mine  the  condition  for  crack  extension  and  also  its  direction 
in  unidirectionally  reinforced  composites.  He  also  used  an 
anisotropic  elasticity  model  and  a  matrix  crack  propagation 
model  to  obtain  critical  fracture  stresses  for  different  angles 
of  fiber  orientation  [14].  Tirosh  [15]  recently  used  energy 
release  rate  criterion  to  predict  inner  matrix  path  fracture 
and  an  energy  momentum  tensor  to  predict  transfibral  path 
fracture  in  filamentary  composites.  He  suggests  that  under 
certain  consitions  of  loading  branching  of  crack  from  inner 
matrix  path  to  transfibral  path  will  occur.  He  also  showed 
that  operationally  simple  energy  release  rate  criterion  shows 
good  agreement  with  the  experimental  data  as  well  as  with  Sih's 
models. 

Most  of  these  models  show  excellent  agreement  with  the 
experimental  data  at  angles  measured  from  the  load  axis  which 
are  greater  than  45°,  where  fracture  is  predominantly  matrix 
dependent.  At  lower  angles,  however,  due  to  complex  failure 
modes  of  the  fibers,  the  models  show  some  discrepancies. 

Secondly  the  initial  crack  is  assumed  to  be  parallel  to  fiber 
orientation.  The  analysis  would  be  different  if  the  initial 
crack  was  not  parallel  to  the  fibers.  Finally,  the  presence 
of  interfaces  should  make  a  considerable  difference.  Interfaces 
which  are  usually  the  weak  links  in  the  MMCs,  can  present  the 
least  resistant  paths  for  crack  progation.  Thus  the  crack  will 
prefer  to  propagate  along  the  weakly  bonded  fibers,  and  not  by 
the  path  predicted  by  the  above  models  which  neglect  presence 
of  interfaces.  This  problem  is  more  important  to  MMCs  in 
general  and  Ti -matrix  composites  in  particular.  The  purpose 
of  this  paper  is  to  verify  the  applicability  of  mechanics 
models  to  Ti-matrix  unidirectional  continuous  fiber  composites, 
and  establish  the  role  played  by  the  fiber/matrix  interface 
in  the  mixed  mode  crack  propagation.  Experiments  were  performed 
to  obtain  the  critical  stresses  at  different  crack  angles  for 
Ti-matrix  composites,  for  cracks  along  the  fibers.  In  order  to 
find  the  effect  of  initial  crack  orientation,  experiments  were 
done  with  the  initial  flaw  perpendicular  to  the  tensile  load 


and  at  an  angle  to  the  fibers.  In  order  to  establish  the  role 
of  the  interface,  tensile  data  was  obtained  for  thermally  cycled 
specimens  since  thermal  cycling  is  known  to  degrade  the  inter- 
faces  in  MMCs  [16,17].  Fractographic  studies c,slearly  indicate 
that  interfaces  play  a  significant  role  in  mixed  mode  crack 
propagation  of  Ti -matrix  composites.  It  is  therefore  suggested 
that  in  the  mixed  mode  analysis  of  MMCa ,  both  int@r?§pial  proper¬ 
ties  and  the  mechanics  should  be  considered,  r 

EXPERIMENTAL  PROCEDURE 

Experiments  were  performed  on  a  Ti-6A1-4V  §.lloy  matrix/ 

B^C-B  or  Sic  fiber  MMC  system.  The  fibers  are  continuous 
approximately  150pm  diameter  fibers.  The  volume  fraction  of 
fibers  in  the  composite  is  approximately  0.4.  The  as  received 
material  was  first  cut  into  small  specimens  of  desired  orien¬ 
tation  (3mm  x  30mm)  for  the  Scanning  Auger  Electron  Microscope 
(SAM)  and  10mm  x  30mm  for  fracture  studies  by  an  electro¬ 
discharge  machine,  to  minimize  the  damage  during  sample  prepar¬ 
ation.  The  Auger  samples  were  then  cleaned  and  fractured 
'in  situ'  in  the  SAM.  A  fractures  surface  is  shown  in  Fig.  2. 

SAM  studies  were  then  carried  out  on  the  fractured  surface. 

The  Auger  profiles  of  fractured  and  argon  ion  sputtered  sur¬ 
faces  are  shown  in  Fig.  3  for  a  select  point  on  the  matrix 
side  of  the  interface.  Similar  studies  were  carried  out  on 
thermally  fatigued  Ti/SiC  specimens. 

For  mixed  mode  loading  experiments,  the  specimens  had 
different  fiber  orientations.  For  the  first  set  of  experi¬ 
ments,  the  fibers  were  at  an  angle  of  0,  35,  60  and  90°  to 
the  loading  axis.  An  initial  edge  notch  (2mm)  was  cut  along 
the  fiber  direction.  The  specimens  were  then  tested  in  tension 
on  an  Instron  machine  and  the  load-displacement  curves  were 
obtained  till  fracture.  The  load-displacement  curve  was 
linear  up  to  the  point  of  fracture .  The  fracture  stresses 
were  calculated  and  plotted  against  the  crack  angles  [Fig.  4], 

In  the  second  set  of  tension  experiments?  the  initial 
notches  (2mm)  were  cut  perpendicular  to  the  loading  axis  and 
at  an  angle  to  the  fiber  orientation  [0®,  30°,  45°,  60°,  90°]. 

These  specimens  were  then  fractured  in  tension  and  the  stresses 
were  recorded  against  the  angles  of  fiber  orientation  with 
respect  to  the  notch  [Fig.  5],  Fig.  6  shows  schematically  the 
difference  in  the  crack  geometry  for  the  two  types  of  experi¬ 
ments  . 

In  addition,  tension  specimens  were  exposed  to  thermal 
fatigue  and  for  comparison  isothermally  heated  at  the  maximum 
temperature  for  thermal  cycling,  before  notching.  The  thermal 
fatigue  specimens  were  cycled  between  40°C  and  550°C  in  three  minute 


cycles  for  as  long  as  9  days.  The  isothermal  aging  was  done 
at  550°C  for  as  long  as  9  days.  After  the  specimens  were 
notched  with  a  2mm  deep  crack  perpendicular  to  the  loading 
axis  and  fractured  in  tension.  The  fracture  stresses  were 
then  plotted  against  the  angles  [Fig. 5] 

Fractographic  studies  were  then  carried  out  eft  §34  of  the 
fractured  specimens.  The  mixed  mode  crack  propagation  was 
studied  with  the  help  of  SEM  and  optical  micrography. 

RESULTS  AND  DISCUSSION 

The  SAM  studies  carried  out  on  the  in-situ  fractured 
surfaces  of  the  Ti-matrix  composites,  indicate  chat  the 
fracture  path  is  very  close  to  the  fiber  side  of  the  reaction 
zone.  The  surface  shows  presence  of  brittle  compounds  such 
as  Tie,  oxides  for  Ti/SiC  [Fig.  3]  and  borides  for  the  Ti/I^C-B. 
Chlorine  and  sulfur  impurities  that  have  segregated  to  the 
interface  are  also  present  on  the  fracture  surface.  After 
inert  ion  sputtering,  the  impurities  and  most  of  the  oxide 
are  removed  [Fig.  3b]  indicating  that  the  preferred  and 
probably  lowest  energy  fracture  path  was  on  a  layer  containing 
large  amounts  of  brittle  compounds  and  impurities.  The  fracture 
surface  [Fig.  2]  shows  fiber  pull  out  and  fiber  breakage 
indicative  of  a  weak  bond  at  the  interface.  The  SAM  studies 
on  the  thermally  fatigued  Ti/SiC  specimens  show  large  amounts 
of  oxides  and  almost  no  carbides,  indicating  that  degradation 
of  interfaces  has  resulted  in  oxide  formation. 

For  the  first  set  of  mixed  mode  tension  experiments,  where 
the  initial  crack  was  cut  parallel  to  the  fibers,  the  results 
indicate  that  the  fracture  stress  continuously  decreases  as 
the  crack  angle  0  increases  [Fig.  4].  The  fracture  stress 
decreases  sharply  as  0  varies  from  0°to  45°.  Fractographic 
studies  [Fig. 7]  show  that  except  for  0°  and  35°  (0=O°does  not 
have  a  precrack  in  it)  crack  angle,  the  crack  propagates  along 
the  interface  self-similarly .  For  the  0°  and  35°  crack  angles 
both  fiber  fracture  and  interface  failure  are  observed. 

The  experimental  data  is  compared  to  a  simple  energy  re¬ 
lease  rate  model  [15].  It's  observed  that  the  data  fits  the 
model  only  for  crack  angles  above  45°  when  the  fracture  path 
is  predominantly  in  the  matrix  and  interface.  At  lower  angles, 
however,  additional  failure  modes  are  observed  which  are  not 
taken  into  account  by  the  models  and  the  correlation  no  longer 
exists  [Fig.  4] . 

A  very  important  factor  influencing  the  fracture  path 
is  the  interfacial  region.  If  the  crack  is  aligned  along  the 
fiber  direction  it  follows  the  interfacial  self-similar  path 
for  0  greater  than  45°.  This,  however,  does  not  establish  the 


role  of  the  interface  in  crack  propagation.  On  the  other  hand, 

^  the  crack  were  aligned  at  an  angle  a  to  the  fiber  orienta— 
tion,  it  will  propagate  along  a  path  influenced  by  the  mechanics 
as  well  as  the  material  properties  of  the  interface.  Fig.  6 
shows  this  loading  geometry.  Hence  in  the  second  set  of  experi¬ 
ments  the  initial  notch  was  cut  perpendicular  to  th»  load  mm4s 
and  at  an  angle  (a)  to  the  fiber  orientation,  T]ie  specimens 
were  then  tensile  tested  till  fracture  and  the  fracture  stresses 
were  plotted  against  the  angle  [Fig.  5]  which  now  is  the  angle 
between  the  initial  crack  orienta bion  and  the  fiber  orientation. 
The  sigmoidal  shaped  curve  shows  sharp  decline  of  fracture 
between  60°  and  45°.  Below  45°,  the  curve  levels  off.  Fracto- 
graphic  studies  on  the  specimens  show  some  interesting  charac¬ 
teristics.  [Fig.  8  and  9].  For  0°  and  30°  angles  the  crack 
propagation  is  along  the  fiber  direction  [Fig.  8]  At 

45°  angle  the  crack  shows  an  interfacial  as  well  as 

transfibral  fracture.  [Fig.  8  ].  Interfacial  splitting  is 
combined  with  transfibral  crack  propagation  for  an  average 
crack  propagation  direction  corresponding  to  a=30°  [Fig.  8], 

Thus  it  seemed  that  for  Ti-matrix/SiC  composites  the  mixed 
mode  crack  propagation  was  influenced  by  interfaces  as  well  as 
the  stress  state  resulting  in  a  crack  with  large  regions  of 
interface  fracture  but  with  a  common  average  angle  of  fracture . 

If  the  interface  influences  the  crack  propagation,  then 
that  effect  will  be  more  dominant  if  the  interface  was  further 
degraded.  Thus  in  the  third  set  of  experiments  the  Ti-/SiC 
specimens  were  thermally  fatigued  for  9  days  between  40°C  to 
550°C  with  a  cycle  of  3  min.  Another  set  of  specimens  were 
isothermally  heated  at  550 °C  for  9  days.  All  the  specimens 
were  notched  following  the  thermal  treatment  with  the  notch 
normal  to  the  loading  direction  and  then  tension  tested  until 
fracture.  The  data  is  presented  in  Fig.  5  along  with  the  base 
composite  data  tested  under  identical  conditions. 

It  can  be  noticed  that  the  sigmoidal  curves  for  both  types 
of  thermal  treatments,  the  change  in  fracture  stress  with  an 
angle  is  much  less  than  the  base  composite  curves.  The  angle 
at  which  there  is  a  transition  in  the  fracture  stress  shows  a 
shift  from  that  in  the  baseline  data.  A  considerable  drop  in 
the  longitudinal  strength  is  observed,  which  indicates  that 
fibers  have  been  degraded  by  thermal  cycling  and  continuous 
heating.  However,  no  significant  changes  in  fracture  stress 
at  lower  angles  were  noticed.  This  suggests  that  the  transverse 
strength  has  remained  the  same  despite  thermal  cycling  and 
continuous  heating.  This  observation  may  be  due  to  the  fact 
that  the  transverse  properties  are  titanum  matrix  dependent; 
and  the  transverse  strength  really  represents  the  intrinsic 
matrix  toughness.  A  calculation  of  transverse  strength,  consid¬ 
ering  a  hexagonal  array  of  holes  in  Ti-6Al-4V  matrix,  for  a  fiber 
volume  fraction  of  0.40,  gives  a  stress  concentration  of  approxi¬ 
mately  4  [16].  This  gives  a  transverse  strength  of  approximately 


245  MPa  for  Ti-6A1-4V  matrix  with  hexagonal  array  of  cyclindri- 
cal  holes  in  it.  This  simple  calculation  may  explain  why  the 
transverse  strengths  obtained  for  base  composite  and  thermally 
degraded  composites  are  around  280  MPa.  However,  more  experi¬ 
ments  are  needed  to  confirm  this  observation. 

Stereographic  observations,  however,  ahpy  distinct  differ¬ 
ences  in  the  modes  of  fracture  of  as  received  Ti/SiC  and  inter¬ 
face  degraded  composites  above  45°  crack  angle  [Fig.  9,10,11]. 
While  for  as  received  metal,  transfibral  fracture  was  observe'7 
at  45°  and  60°  angles,  the  predominant  mode  of  fracture  for 
the  thermally  fatigued  and  coninuously  heated  samples  appears 
to  be  interfacial  failure.  The  crack  doesn’t  seem  to  propagate 
at  a  preferred  angle  which  was  the  case  for  two  base  composites. 
Excessive  fiber  damage  is  noticed  on  the  interface  degraded 
specimens.  At  all  the  angles  some  crazing  is  also  noticed  at 
the  interface  [Fig.  12].  However,  above  45°,  the  initial  crack 
propagation  seems  to  be  predominantly  interfacial  in  thermally 
degraded  composites.  [Fig. 10, 11].  This,  added  to  the  fact 
that  severe  fiber  damage  has  occurred,  explains  the  sharp  drop 
in  fracture  stresses  for  the  thermally  degraded  composites. 

The  formation  and  growth  of  brittle  carbides,  oxides  and  borides 
at  the  interfaces  can  serve  as  the  sourceof  fiber  degradation. 

Thus  interfaces  seem  to  play  an  important  role  in  the  mixed 
mode  crack  propagation  of  the  Ti  matrix  composites.  The  fracture 
mode  is  controlled  by  both  the  mechanics  and  the  interface.  In 
order  to  model  the  mixed  mode  fracture  behavior  of  the  MMCs, 
it  is  essential  to  incorporate  interfacial  properties  as  one 
of  the  more  important  parameters. 

SUMMARY 

1.  Ti-matrix  composites  specimens  with  different  fiber 
orientations  were  tested  in  tension  for  notches  oriented 
along  the  fiber  direction  and  normal  to  the  load  axis 

at  an  angle  to  the  fiber  direction,  for  as  received, 
thermally  fatigued  and  isothermally  heated  samples. 

2.  For  Ti/B.C-B  composites  fracture  stress  decreased  with 
increasing  crack  angle  6.  However,  the  theoretical 
strain  energy  release  rate  mode  only  agrees  with  the 
data  for  angles  greater  than  45°. 

3.  The  Ti-matrix/SiC  specimens  notched  at  an  angle  to  the 
fiber  direction  showed  a  sharp  drop  in  fracture  stress 
for  angles  between  45°  and  60°. 

4.  Thermally  fatigued  and  isothermally  heated  Ti/SiC 
specimens  showed  a  considerably  lower  fracture  stress 
at  higher  angles  and  minimal  change  in  fracture  stress 
at  lower  angles. 
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5.  The  drop  in  strength  at  high  angles  is  attirbuted  to 
fiber  and  interface  degradation  while  no  change  at  lower 
angles  may  be  due  to  the  intrinsic  toughness  of  the  matrix. 

6.  Interfaces  play  an  important  role  in  mixed  mode  crack 
propagation  and  should  be  considered  as  a  parameter  in 
future  mechanics  analysis  of  the  fiber  reinforced  oompo- 
sites. 
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Optical  Micrographs  of  the  Fractured  Specimen 
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SEM  of  the  Fractured  Interface  Showing 
Some  Crazing 
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Introduction 

The  problem  of  mixed  mode  fracture  in  the 
isotropic  as  well  as  anisotropic  materials  has  been 
receiving  a  considerable  amount  of  interest  lately 
[1-7].  The  importance  of  studying  the  mixed  mode 
fracture  behavior  for  metal  matrix  composites 
[MMCs]  has  been  recognized  for  a  long  time  [8-13]. 
Due  to  the  high  degree  of  anisotropy  and  the 
presence  of  defect  structures  at  the  fiber/ matrix 
interface,  flaws  do  not  tend  to  propagate  in  a 
controlled  manner.  Any  change  in  the  crack  growth 
direction  involves  a  mixed  mode  loading  locally  at 
the  crack  tip.  Mixed  mode  loading  is  also  experi¬ 
enced  when  a  propagating  flaw  goes  around  a 
fiber.  Study  of  the  mixed  mode  fracture  behavior 
for  the  MMCs,  unlike  isotropic  materials,  presents 
several  problems.  The  MMCs  are  characterized  by 
heterogeneity,  anisotropy  and  interfaces.  These 
factors  can  substantially  influence  the  mixed  mode 
behavior  of  the  MMCs. 

The  purpose  of  this  paper  is  to  identify  some  of 
the  problem  areas  in  the  studies  of  mixed  mode 
fracture  and  fatigue  crack  propagation  (FCP)  of 
the  MMCs  and  to  report  on  some  experimental 
results  obtained.  The  evaluation  is  based  on  the 
work  on  continuous  fiber  reinforced  titanium  metal 
matrix  composites  [5-7],  Some  of  the  areas  to  be 
considered  are  the  application  of  fracture  mecha¬ 
nics,  presentation  of  FCP  data,  influence  of  fibers 
and  interfaces,  and  the  influence  of  various  en¬ 
vironments  on  the  FCP. 


Mixed  mode  static  loading 

The  mechanics  approach  for  mixed  mode  load¬ 
ing  is  based  on  either  a)  the  crack  propagation  is 
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self-similar  [12-3]  or  b)  the  crack  extension  is 
non-collinear  [2,11].  Further  assumption  of  ortho¬ 
tropic  linear  elastic  plate  is  essential  [8]  for  a 
composite  material.  Thus  for  self-similar  crack 
propagation  under  mode  I  and  II  loading  the 
failure  criterion  can  be  given  by  [8]: 

<A  =  c,  +  c„ 

«  ( su  +  S22/2)1/2[(  Sa/S„  ),/2  +  2S12 
+  S„/2SU]  ,A[  +  ( Su/S22  ),/2  * 2  ] . 

It  was  observed  [10,14]  in  plexiglass,  aluminum 
alloys  and  resin  matrix  composites  that  for  mixed 
mode  loading  the  crack  does  not  necessarily  ex¬ 
tend  in  a  self-similar  way.  Many  approaches  were 
proposed  to  analyze  this  problem  [3,14-18]. 
Among  those  models,  the  S  theory  [16-18]  states 
that  the  mixed  mode  crack  extension  will  occur  at 
a  certain  angle  0  decided  by  the  strain  energy 
density  field  around  the  crack  tip.  The  model  can 
be  used  effectively  for  the  composite  materials 
also. 

Several  problems  are  encountered  when  apply¬ 
ing  these  models  to  a  MMC.  The  crack  propaga¬ 
tion  in  MMCs  is  a  complex  process  involving 
several  failure  mechanisms  acting  simultaneously 
[4],  Also  one  of  the  most  important  factors  in¬ 
fluencing  the  fracture  mode  is  the  fiber-matrix 
interface,  which  can  provide  an  anisotropic  least 
resistant  path  for  crack  growth  during  the  mixed 
mode  loading.  In  order  to  study  the  interface 
effect,  tension  testing  was  carried  out  on  center 
notched  off-axis  as  received  as  well  as  heat  treated 
specimens  [7],  The  fiber  orientations  0  with  respect 
to  the  load  axis  were  0°,  35°,  60°  and  90°.  The 
notch  was  cut  along  the  fiber  direction.  The  frac¬ 
ture  stresses  are  plotted  in  Fig.  1  against  the  fiber 
angle  0  for  the  as  received  condition.  The  data  for 
the  heat  treated  R,C-B  as  well  as  BORSIC/Ti- 
6A1-4V  specimens  is  recorded  in  Table  1  and  2. 
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The  data  in  Fig.  1  is  compared  to  calculated  5 
theory  and  a  simple  strain  energy  model  {7].  It  was 
observed  that  above  0  *  45°.  the  failure  was  along 
the  fiber  orientation  and  not  at  an  angle  as  predic¬ 
ted  by  the  5-theory. 

From  Fig.  1  it  can  be  seen  that  the  5-theory 
and  strain  energy  release  rate  model  agree  with  the 
data. only  for  the  higher  values  of  0,  i.e.,  above 
45  The  reason  for  this  is  that  above  45°  fiber 
orientation  the  fracture  is  predominantly  matrix 
and  interface  controlled.  At  lower  angles  however 
the  fracture  involves  complex  model  of  failure, 
such  as  fiber  fracture,  pullout  etc.  This  fact  is  not 
taken  into  account  by  the  models. 

Table  1  lists  the  fracture  strength  data  for  the 
various  heat  treated  B4C-B/Ti-6Al-4V  specimens, 
and  compares  it  to  the  as  received  condition.  It  is 
evident  from  Table  1  that  the  heat  treatments 
resulted  in  the  reduction  of  the  longitudinal 
strength  while  little  change  in  the  transverse 
strength  is  observed.  The  reduction  in  longitudinal 
strength  is  nominal  for  the  500°C  vacuum  heat 
treatment.  But  a  substantial  reduction  in  longitu- 


FIBER  ANGLE  DEGREES 

Fig.  1.  The  fracture  ttrenglh  variation  of  the  as  received  B4C- 
B/Ti-6A1-4V  specimens  versus  the  fiber  angle  9. 


Table  I 

Fracture  strength  comparison  for  B4C-B/Ti-6A1-4V  as  re¬ 
ceived  and  heat  treated  specimens 


t 

D*g 

As  received 

MPa 

7  Day 
in 

Vacuum 

MPa 

500°C 

in 

Air 

MPa 

6  hr.  885-0 
in  Vacuum 

MPa 

0 

1035 

920 

780 

770 

4$ 

470 

460 

400 

388 

90 

345 

361 

355 

340 

Table  2 

Fracture  strength  data  for  BORSIC/Ti-6AI-4V  as  received  and 
885°C  heat  treatment 


9 

As  received 

6  hr.  885°C 

Vacuum 

D*g 

MPa 

MPa 

0 

820 

690 

45 

410 

400 

90 

350 

355 

dinal  strength  is  observed  for  the  7  day  500°C  in 
air  and  the  6  hr  885°C  vacuum  heat  treatment. 
Similar  results  are  shown  in  Table  2  for  BORSIC/ 
Ti-6A1-4V  composites.  This  suggests  that  these 
heat  treatments  resulted  in  interface  modifications 
and  fiber  degradation  which  in  turn  showed  a  loss 
in  longitudinal  fracture  strength.  SAM  studies  [6] 
were  therefore  carried  out  to  characterize  the 
change  in  interface  chemistry  due  to  the  heat 
treatments.  These  studies  revealed  formation  of  an 
oxide  layer  at  the  interface  for  the  7  day  500°C  air 
heat  treatment  and  a  thick  TiBj  layer  for  the 
885°C  6  hour  vacuum  heat  treatment  [6],  The 
reduction  in  longitudinal  strength  of  the  titanium 
MMCs  was  therefore  attributed  to  the  formation 
of  the  oxide  layer  in  case  of  the  500°C  air  heat 
treated  specimen  and  to  the  formation  of  TiB2 
layer  885°C  vacuum  heat  treatment.  The  interface 
modifications  thus  affected  the  mixed  mode  frac¬ 
ture  behavior  significantly. 


Mixed  mode  FCP  in  laboratory  air 

The  problems  encountered  in  applying  mecha¬ 
nics  concepts  to  mixed  mode  behavior  of  titanium 
MMCs  are  further  complicated  in  the  mixed  mode 
FCP  studies.  In  order  to  derive  useful  data,  a 
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proper  /-calibration  and  a  way  to  express  the  data 
is  needed.  The  crack  growth  data  obtained  in  the 
form  of  a  against  N  can  be  either  expressed  as 

da/d N  a  &Gm. 

if  the  FCP  is  self-similar,  or 

da/dSctgDS"'. 

if  the  FCP  is  non-self-similar  [16],  provided  a 
proper  /-calibration  for  anisotropic  materials  is 
available.  It  was  observed  [6,7]  that  the  mixed 
mode  FCP  with  the  initial  notch  parallel  to  the 
fiber  orientation  was  self-similar.  The  fiber  orien¬ 
tation  was  the  weakest  path  for  the  FCP.  This  was 
confirmed  by  a  couple  of  experiments  [6],  In  the 
first  experiment,  a  45°  orientation  compact  ten¬ 
sion  specimen  was  fatigue  tested.  Here  the  initial 
notch  was  transverse  to  the  load  axis  at  45°  angle 
to  the  fiber  direction.  The  FCP  was  along  the  fiber 
direction  (Fig.  2a).  The  second  experiment  was 
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Fig.  2.  (a)  FCP  for  the  0  -  45°  B,C-B/Ti-6AI-4V  specimen 
with  initial  notch  transverse  lo  the  load  axis,  (b)  FCP  for  the 
transverse  specimen  with  initial  notch  at  an  angle  to  the  fibers. 


done  on  a  transverse  edge  notched  specimen  with 
the  notch  cut  at  an  angle  to  the  fiber  direction. 
Here  also  the  FCP  was  along  the  fiber  direction 
(Fig.  2b).  This  confirms  the  fact  that  the  fiber 
direction  was  the  least  resistant  path  for  the  trans¬ 
verse  and  mixed  mode  FCP.  Since  the  mixed  mode 
specimens  have  their  notches  cut  along  the  fiber 
direction,  the  FCP  observed  was  self-similar,  un¬ 
like  that  predicted  by  the  S-theory  [16].  Even  for  a 
0  =  30°  mixed  mode  specimen,  which  had  shown  a 
non-self-similar  crack  growth  during  the  tension 
testing  [7],  the  FCP  was  self-similar.  This  fact 
enabled  the  monitoring  of  the  FCP  in  the  fiber 
direction.  Because  of  the  self-similar  crack  growth, 
the  concept  of  the  strain  energy  release  rate  was 
used  to  describe  the  mixed  mode  FCP  of  these 
composites.  It  should  be  noted,  at  this  point,  that 
the  /-calibration  used  for  the  mixed  mode  com¬ 
posite  specimens  was  that  for  the  isotropic 
materials  [17],  The  composite  materials  are  highly 
anisotropic  and  therefore  it  is  expected  that  their 
fracture  toughness  would  also  be  orientation  de¬ 
pendent  just  like  the  modulus.  The  reason  for  this 
is  the  difference  in  the  failure  mechanisms  for 
different  orientations.  For  example,  in  longitudi¬ 
nal  orientation,  fiber  fracture  is  a  dominant  failure 
mechanism  which  contributes  to  the  strain  energy 
release  rate.  In  the  transverse  direction,  however, 
matrix  and  interface  failure  contribute  to  the  frac¬ 
ture  toughness.  Thus  the  fracture  toughness  for  the 
MMCs  is  essentially  an  orientation  dependent 
quantity.  This  presents  some  problems  for  the 
/-calibration  of  the  composites.  However,  it  was 
observed  [18]  that  for  the  longitudinal  orientation, 
the  /-calibration  curves  obtained  from  global 
compliance  measurements  on  aluminum/boron 
and  BORSIC/titanium  composites  were  the  same 
as  the  isotropic  materials.  It  was  found  that  the 
local  as  well  as  the  global  compliances  were  pre¬ 
dictable  by  using  isotropic  /-calibration.  This  is 
an  important  observation,  since  /-calibration  for 
the  longitudinal  composite  specimens  can  then  be 
obtained  from  the  isotropic  materials.  For  mixed 
mode  specimens,  however,  strain  energy  release 
rate  approach  was  chosen,  /"-calibrations  for  the 
isotropic  materials  were  used  and  were  normalized 
by  proper  modulus  value  to  obtain 

(C  =  (7,  +  G  ||  where  G,  =  K*/Ei  and 

G||  =  K  }\/E  ,|). 
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Fig.  3.  Mixed  mode  FCP  rates  for  the  as  received  BjC-B/Ti- 
6AI-4V  composite  in  humid  air.  R  -  0.1. 

Thus  in  the  absence  of  a  rigorous  /^-calibration  for 
the  mixed  mode  specimens,  use  of  the  orientation 
dependent  modulus  to  normalize  the  strain  energy 
release  rates  was  preferred. 


Fig.  4.  (a)  Mixed  mode  FCP  for  the  7  day  500°C  heat  treated 
B4C-B/Ti-6Al-4V  specimens  in  humid  air  at  R  -  0.1.  O  repre¬ 
sents  vacuum  heat  treatment.  Full  lines  show  the  data  for  the  as 
received  specimens. 


Fig.  4.  (b)  Mixed  mode  FCP  for  the  88S°C,  6  hour,  vacuum 
heat  treated  B4C-B/Ti-6Al-4V  specimens  in  humid  air  at 
If  -0.1. 

Figure  3  shows  the  FCP  data  for  the  as  received 
B„C-B/Ti-6Al-4V  specimens  for  the  0,  45  and  90 
degrees  fiber  orientation  [6],  It  is  evident  from  Fig. 
3  that  the  as  received  composite’s  mixed  mode 
FCP  behavior  can  be  expressed  by  the  equation 

da/dN  a  AGm,  m  =  3  for  a  particular  0. 

It  is  interesting  to  note  that  the  slope  m  for  all  the 
curves  is  similar.  As  expected  the  curves  represent 
the  anisotropy  of  the  composite,  with  the  longitu¬ 
dinal  specimen  showing  relatively  slower  FCP  rate 
and  a  significantly  higher  value  of  the  failure 
strain  energy  release  rate  (<JF). 

FCP  curves  for  the  heat  treated  B4C-B/Ti- 
6A1-4V  specimens  are  plotted  in  Fig.  4a  and  4b. 
In  general  the  heat  treatments  seemed  to  slow 
down  the  FCP  rates.  This  slowing  down  effect  was 
much  more  pronounced  for  the  transverse  speci¬ 
mens  than  the  longitudinal  ones.  This  was  seen  for 
the  7  day  500°C  air  and  885°C  6  hour  vacuum 
heat  treatment  (Fig.  4a  and  b).  The  slowing  down 
of  the  FCP  was  also  noticed  for  the  vacuum, 
500°C  heat  treated  longitudinal  specimens.  The 
heat  treated  longitudinal  specimens  also  recorded 
a  lower  value  of  ,ure  than  the  as  received  longi¬ 
tudinal  specimens.  The  Arill)ure  for  the  other  orien¬ 
tations  changed  only  slightly.  Fractography  on  the 
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Fig.  5.  (a)  Mixed  mode  FCP  in  humid  air  for  the  as  received 
B4C-B/Ti-6Al-4V  transverse  (top)  and  9  -  45°  (bottom)  speci- 


longitudinal  heat  treated  specimens  showed  fiber 
debonding  and  pull  out  [6],  Post  pull  out  wear 
marks  were  noticed  around  the  interfacial  regions. 
Secondary  cracking  was  observed  near  the  main 
crack  front  of  the  heat  treated  specimens  [7J.  This 
secondary  cracking  and  the  debonding  at  the  inter¬ 
face  may  be  partly  responsible  for  the  slowing 
down  of  the  FCP  rates  in  the  longitudinal  speci¬ 
mens.  The  difference  in  the  FCP  rates  of  the  as 


Fig.  5.  (b)  Mixed  mode  FCP  for  the  7  days  SOO'C  air  heal 
treated  B4C-B/Ti-6Al-4V  transverse  (top). 


received  and  the  heat  treated  specimens  was  sig¬ 
nificantly  higher  for  the  transverse  and  the  45° 
fiber  direction  specimens.  Fatigue  fractured 
surfaces  at  R  =  0.1  for  those  orientations  are  shown 
in  Fig.  5.  It  is  evident  that  for  the  as  received 
condition  the  FCP  in  humid  air  at  R  —  0.1  was  by 
splitting  the  fibers  to  the  core.  In  heat  treated 
conditions,  however,  (Fig.  5b),  the  FCP  was  by 
interfacial  splitting.  No  fiber  splitting  was  seen. 
The  0  =  45°  specimens  (heat  treated  condition) 
showed  mode  II  cracking  of  fibers  at  distinct 
points  (Fig.  5c).  This  change  in  failure  mechanism 
from  fiber  splitting  for  the  as  received  MMC  to 
the  interfacial  splitting  for  the  heat  treated  condi- 


Fig.  J.  (c)  Fractured  surface  of  the  7  day  500°C,  air  heat  treated  9  -  45°  specimen  for  the  mixed  mode  FCP,  showing  mode  II 
cracking  of  the  fibers. 
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Fig.  6.  Variation  of  the  FCP  rate*  for  the  BORSIC/Ti-6A  1 -4V 
transverse  specimens  with  respect  to  the  water  vapor  pressure 
at  K  -  0.1  and  constant  AK 


tion  at  R  =  0.1  is  further  discussed  in  the  following 
section.  These  observations  do  point  out  that  the 
mixed  mode  behavior  of  MMCs  is  strongly  in¬ 
fluenced  by  mechanical,  metallurgical  as  well  as 
environmental  parameters. 


Environmental  influences:  Effect  of  humid  air  and 
crack  closure 

The  titanium  MMC  system  with  boron  fiber 
reinforcement  presents  a  unique  system  for  study¬ 
ing  environmental  effects  on  its  FCP.  Although 


the  matrix  Ti-6A1-4V  is  not  sensitive  to  humid  air 
embrittlement  [21],  it  is  expected  that  the  brittle 
boron  fiber,  like  many  other  ceramics,  will  get 
embrittled.  Studies  on  Al-B  composites  (22)  have 
shown  that  an  increase  in  FCP  rates  results  when 
humid  air  is  introduced  in  the  vacuum  chamber. 
This  effect  was  attributed  to  the  weakening  of 
boron  fibers  due  to  humidity. 

Effect  of  humidity  on  mixed  mode  FCP  rates 
was  studied  on  titanium  MMCs  [7]  by  testing  in 
environments  of  different  relative  humidities.  It 
was  observed  that  the  FCP  rates  for  dry  environ¬ 
ments  (e.g.,  vacuum.  N2  gas)  were  considerably 
slower  than  in  humid  air  [7].  The  effect  was  much 
more  pronounced  for  the  0  -  45°  and  90°  speci¬ 
mens  where  a  FCP  rate  enhancement  of  up  to  20 
times  was  observed  in  humid  air.  at  /?  =  0.1. 
Fractography  showed  that  in  humid  air  the  mixed 
mode  FCP  was  by  fiber  splitting  while  that  in  dry 
atmospheres  was  by  interfacial  splitting.  This  is 
surprising  because  one  would  expect  that  the  inter¬ 
face  will  be  weakened  by  the  humid  air  preferen¬ 
tially.  Further  studies  were  carried  out  to  investi¬ 
gate  the  water  vapor  pressure  effect  on  FCP. 
Transverse  BORSIC/Ti-6Al-4V  specimens  were 
tested.The  crack  was  propagated  at  constant  \K 
and  R  -  0.1  in  a  certain  environment,  and  the 
loading  was  stopped.  Another  environment  (e.g., 
humid  air)  was  then  leaked  into  the  vacuum  cham¬ 
ber  of  FCP  was  continued  at  the  same  &K  and 
R  -0.1.  The  results  (Fig.  6)  show  that  there  is  a 
steep  rise  in  FCP  rate  at  around  100  Pa  water 
vapor  pressure.  Fractography  at  that  point  is  shown 
in  Fig.  7.  It  is  clear  that  a  transition  from  interfa¬ 
cial  splitting  to  fiber  splitting  is  visible  at  100  Pa 
water  vapor  pressure.  Since  there  is  a  steep  rise  : 
the  FCP  rate  at  this  point,  the  fiber  spirit  i 


Fig.  7.  Fatigue  fractured  surface  of  the  transverse  BORSIC/Ti-6AMV  specimen  showing  the  transition  in  failure  modes.  Inlerfacial 
splitting  in  vacuum  to  about  S0%  fiber  splitting  in  133  Pa  water  vapor  pressure. 
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observed  in  humid  air  at  R  =  0.1  can  be  linked  to 
the  increased  FCP  rate  in  humid  air  at  R  =  0.1. 

It  may  be  noted  that  all  the  above  study  was 
done  at  R  =  0.1  where  fatigue  crack  closure  is 
observed  in  isotropic  materials.  A  brittle  fiber 
reinforced  ductile  matrix  system  offers  a  unique 
characteristic  for  studying  the  fatigue  crack  closure. 
Fatigue  crack  closure  is  a  result  of  plastic  defor¬ 
mation  left  at  the  wake  of  the  crack  tip.  In  a 
composite  system  described  above,  only  the  matrix 
can  deform  plastically,  not  the  fibers.  Therefore, 
during  the  lower  part  of  the  tension  to  tension 
cycle,  the  deformed  matrix  can  squeeze  onto  the 
fibers,  setting  up  stress  fields.  For  very  thin  speci¬ 
mens  (approximately  plane  stress  state),  such  as 
ones  used  in  previous  work  [6,7],  mode  III  type 
stresses  can  also  be  expected  due  to  the  specimen 
alignment  problems.  Thus  it  was  proposed  [7]  that 
the  fiber  splitting  observed  in  humid  air  at  R  =  0.1 
can  be  a  result  of  an  environmentally  induced 
fatigue  crack  closure  effect.  Mixed  mode  FCP 
studies  carried  out  at  R  =  0.5  in  humid  air,  showed 
that  the  FCP  was  by  interfacial  splitting  [7]  and 
thus  supported  the  above-mentioned  argument. 
However,  the  question  of  effect  of  humid  air  on 
fatigue  crack  closure  remained  unanswered.  Fa¬ 
tigue  crack  closure  measurements  were  therefore 
made  in  humid  air  and  in  dry  N2  gas  at  R  =  0.1 
and  R  =  0.5.  The  details  are  given  elsewhere  [7], 
The  results  showed  that  the  closure  loads  were 
higher  in  humid  air  than  in  dry  N2  gas  at  R  =  0.1. 
This  may  be  due  to  an  oxide  formation  mechanism 
[23],  In  humid  air  an  oxide  scale  develops  on  the 
crack  surfaces  which  can  preferentially  strengthen 
the  asperities.  This  results  in  increased  closure 
loads  in  the  plane  stress  region.  Thus  it  was  pro¬ 
posed  [7]  that  the  fiber  splitting  mechanism  ob¬ 
served  for  the  mixed  mode  FCP  of  the  titanium 
MMCs  is  as  a  result  of  an  environmentally  in¬ 
duced  fatigue  crack  closure.  The  squeezing  effect 
during  closure,  mode  III  stresses  along  the  humid 
air  embrittlement  of  the  boron  fibers  result  in  fiber 
splitting  in  the  plastic  zone  ahead  of  the  crack  tip. 
The  cracking  of  a  substantial  length  of  the  fiber  in 
the  elongated  plastic  zone  ahead  of  the  crack  tip 
results  in  enhanced  mixed  mode  FCP  rates  in 
humid  air  at  R  m  0.1. 


Summary 

The  studies  show  that  the  mixed  mode  fracture 
and  FCP  behavior  of  MMCs  is  a  complex  phe¬ 
nomenon  strongly  affected  by  mechanical,  metal¬ 
lurgical  and  environmental  parameters.  Any  mech¬ 
anics  model  should  be  used  cautiously  since  inter¬ 
faces,  environments  and  stresses  set  up  by  mecha¬ 
nical  constraints  of  a  test  affect  the  mixed  mode 
fracture  behavior  significantly.  Problems  persist  in 
the  areas  of  K-calibration,  representation  of  FCP 
data,  and  environmental  interactions. 
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ENVIRONMENTAL  INFLUENCES  ON  THE  FRACTURE  AND 
FATIGUE  PROPERTIES  OF  TITANIUM  METAL  MATRIX 
CONTINUOUS  FIBER  COMPOSITES 

Deepak  S.  Mahulikar*,  Y.H.  Park  and  H.L.  Marcus 
Department  of  Mechanical/Materials  Science  Engineering 

The  University  of  Texas 
Austin,  Texas  78712 

Abstract 

Mixed  mode  tensile  and  fatigue  crack  propagation  studies 
were  carried  out  on  B^C/B  fiber  reinforced  Ti-6Al-4V  matrix 
composites  for  the  as-received,  vacuum  heat-treated  and  air 
heat  treated  conditions.  The  vacuum  heat  treatment  had 
minimal  effect  on  the  tensile  properties  of  the  composite 
but  improved  the  fatigue  crack  propatation  properties. 

The  air  heat  treatment  degraded  the  fibers  and  the  inter¬ 
face  resulting  in  loss  of  longitudinal  strength,  but  improve¬ 
ment  of  fatigue  crack  propagation  properties.  The  fatigue 
crack  propagations  for  the  mixed  mode  30°,  45  ,  and  trans¬ 
verse  specimens  was  self-similar.  The  as-received  com¬ 
posites'  mixed  mode  propagation  is  given  by  (da/dN) a (AG/G^)™ 
for  all  the  fiber  orientations  showing  self-similar  crack 
propagation.  Humid  environments  accelerated  the  fatigue 
crack  growth  considerably  compared  to  the  vacuum  and  inert 
gas  environments.  Failure  stress  intensity  (K^)  appeared 
to  have  a  lower  value  in  humid  environments. 

Key  Words :  Titanium  metal  matrix  composite  materials. 

Fracture,  Fatigue  crack  propagation.  Mixed  mode  loading. 

Gaseous  environments. 
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INTRODUCTION 


Because  of  their  high  strength  to  weight  ratio,  high 
modulus  and  toughness,  titanium-metal  matrix  composites 
have  long  been  considered  for  applications  in  dynamic 
structures.  However,  like  other  metal  matrix  composites,  (MMCs) 
titanium-matrix  composites  are  characterized  by  anisotropy, 
heterogeneity  and  interfaces.  Tensile  properties  of  titanium 
matrix  composites  reinforced  with  continuous  SiC,  Borsic, 
and  B^C/B  fibers  have  been  studied  (1-4)  and  the  results 
indicate  that  the  mechanical  properties  of  such  composites 
are  dependent  on  the  interfaces  or  the  reaction  zone 
formed  during  fabrication.  The  off-axis  properties  have 
also  been  found  to  be  highly  influenced  by  the  nature  of 
the  fiber  matrix  interface  (4,  5). 

Axial  fatigue  studies  on  the  titanium-matrix  composites 

have  been  carried  out  (6,  7)  and  it  was  suggested  (6)  that 
the  fatigue  processes  in  metal  matrix  composites  are 

strictly  matrix  controlled.  A  titanium  matrix  composite  by 

virtue  of  its  relatively  sound  fiber  matrix  bonding  permits 

very  little  fiber/matrix  delamination  for  the  as-fabricated 

specimens.  However,  if  the  interface  could  be  weakened 

enough  to  permit  debonding,  the  sharp  cracks  will  blunt 

at  the  interface,  resulting  in  higher  fatigue  strength  (6). 

In  addition  to  axial  tensile  and  fatigue  properties ,  mixed 

mode  crack  propagation  behavior  in  MMCs  is  of  extreme 


importance.  During  transverse  mode  I  loading,  the  crack 
propagating  through  a  brittle  interfacial  region  around 
the  fiber  experiences  a  mixed  mode  loading  condition. 

Many  attempts  at  modeling  the  mixed  mode  fracture  in 
fibrous  composites  have  been  made  (8-13).  Initial  theories 
were  based  on  application  of  fracture  mechanics  to  the 
anisotropic  materials.  For  an  orthotropic  material,  ex¬ 
pressions  were  derived  for  the  case  of  a  crack  lying  along 
a  plane  of  symmetry  and  were  of  the  kind 

G  =  G1  +  GII 

for  self-similar  crack  growth.  It  was  assumed  (8,  13) 
that  the  composite  material  is  an  orthotropic  plate  and 
therefore 

S-.+S-^  ,  S_0  ,  2S._+SCC  . 

g  -  gz  +  Gn  -  + 

+  ^  O 


where 


S11  1/E11;  S22  ~  1/E22;  S12  ~V12/E11  = 


V21/E22;  S66  1/G12* 

Based  on  the  observation  that  most  of  the  mixed  mode 


crack  propagation  is  not  self-similar,  a  strain  energy 
density  theory  was  proposed  (9,  10).  This  theory  predicts 
that  the  mixed  mode  crack  extension  in  composites  will 


occur  at  a  certain  angle  8  determined  by  the  strain  energy 
density  field  around  the  crack.  A  recent  model  (12) 
studies  the  condition  under  which  a  self-similar  crack 
propagation  due  to  critical  strain  energy  release,  changes 
~  to  a  trans-fibral  path. 

All  these  models,  however,  ignore  several  important 
factors  which  limit  their  applications.  The  crack  propa¬ 
gation  in  MMCs  is  a  complex  process  involving  several 
failure  debonding,  fiber  pull-out  etc.  It  is  difficult  to 
have  a  generalized  mechanics  theory  to  include  many  of 
these  machanisms  acting  simultaneously.  Also  one  of  the 
most  important  things  affecting  the  fracture  modes  is  the 
interface.  A  weak  interface  can  act  as  a  crack  arrester, 
and  will  also  have  detrimental  effects  on  the  off-axis  tensile 
properties.  It  was  shown  (4)  that  at  lower  fiber  angles 
most  of  the  mixed  mode  theories  cannot  agree  with  the 
experimnetal  data  because  of  t he  influence  of  the  interfaces. 

Finally,  fatigue  crack  propagation  (FCP)  behavior  of 
titanium-matrix  composites  in  environments  of  different, 
humidities  needs  study.  It  is  expected  that  because  of 
different  failure  and  crack  arresting  mechanisms,  fatigue 
crack  growth  properties  of  the  composite  should  be  better 
than  that  of  the  matrix.  Studies  of  FCP  of  such  composites 


in  different  environments  and  identification  of  failure 
modes  is  necessary. 

The  purpose  of  this  paper  is  to  study  the  fracture 
and  fatigue  crack  growth  properties  of  Ti-6A1-4V  matrix 
continuous  fiber  composites.  Tensile  data  on  the  as- 
received  and  heat  treated  conditions  is  presented  along 
with  the  fracture  modes.  Mixed  mode  fracture  is  studied 
under  both  of  these  conditions  and  data  is  compared  to 
available  mixed  mode  theories.  Fatigue  crack  growth 
studies  are  presented  and  modes  of  failure  are  studied. 
Mixed  mode  fatigue  crack  growth  data  is  than  presented 
for  the  as-received  and  isothermally  heated  condition, 
with  the  emphasis  on  the  effect  of  the  interface  on  the 
failure  modes.  The  fatigue  crack  growth  is  then  modeled 
in  terms  of  the  change  in  the  strain  energy  release  rate. 
Material  System 

The  composite  system  used  in  this  study  was  con¬ 
tinuous  B4C  coated  boron  fibers  in  a  Ti-6A1-4V  matrix. 

A  typical  micrograph  of  the  as-received  condition  of  the 
composite  is  shown  in  Fig.  1(a) .  The  fibers  are  approx¬ 
imately  150  microns  in  diameter.  The  B^C  coating  is 
approximately  4  microns.  The  fibers  represent  a  volume 
fraction  of  approximately  40%  in  a  4  ply  composite  sheet 
of  0.88  mm  thickness.  As  evident  from  the  micrograph, 
small  radial  cracks  were  noticed  in  the  boron  fibers. 
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II.  Fatigue  Crack  Growth  and  Mixed  Mode  Fatigue  Crack 
Growth  Testing 

Fatigue  crack  growth  experiments  were  done  on  a  closed 
loop-electrohydraulic  system.  The  test  frequency  was  1  Hz. 
Compact  tension  specimens  (H/w-1,  ao=2.5  mm)  were  used  for 
the  longitudinal  fiber  orientation  (0=0°) ,  and  edge  notched 
specimens  (15)  (aQ/w=0.3,  w=25  mm)  were  used  for  most  of 

the  mixed  mode  experiments*.  For  the  mixed  mode  fatigue 
crack  growth  experiments  (i.e.,  for  0=30°,  45°,  and  90°) , 
the  initial  notches  were  cut  along  the  fiber  direction. 

Fig.  2  shows  various  specimen  configurations.  The  crack 
growth  was  measured  by  an  optical  microscope.  It  should  be 
noted  at  this  point  that  for  all  the  experiments  the  fatigue 
crack  propagation  was  self-similar,  i.e. ,  along  the  direction 
of  the  initial  notch.  No  gross  delamination  was  observed  for 
the  longitudinal  specimens.  The  majority  of  the  experi¬ 
ments  were  done  at  constant  load  range  (AP)  and  load  ratio 
(R=0 . 1)  with  the  remaining  experiments  done  at  constant  AK 
and  R=0 . 1 .  In  order  to  determine  the  effect  of  degraded 

*  CT  specimens  were  not  used  for  the  off-axis  orientation 
because  the  loads  were  too  small  to  get  the  desired  AK 
and  were  in  the  error  range  of  the  FCP  testing  machine. 


interface  on  the  fatigue  crack  propagation  (FCP)  all  the 
experiments  were  repeated  for  the  specimens  heat  treated 
at  500°C  in  air.  Here  also  the  FCP  was  self-similar.  The 
FCP  data  is  plotted  in  Fig.  3  through  Fig.  6. 

In  order  to  study  the  influence  of  gaseous  environ¬ 
ments,  FCP  experiments  were  done  in  a  100%  RH  environment, 
at  10  ®  torr  vacuum  and  in  dry  Nj  gas  environment.  Only 
longitudinal  compact  tension  specimens  were  used.  Thte  tests 
were  conducted  at  constant  AP  and  R  and  at  a  frequency  of 
1  Hz.  The  results  are  plotted  in  Fig.  6. 

Ill .  Fractoqraphy  and  Interface  Characterization 

All  the  tensile  and  fatigue  fractured  surfaces  were 
than  viewed  in  a  high  resolution  SEM  to  determine  the 
failure  paths  and  mechanisms.  In  addition,  in-situ  frac- 
trued  specimens  were  studied  in  a  Scanning  Auger  Spectro¬ 
scope.  Chemical  and  quantitative  analysis  of  the  fractured 

surface  was  carried  out.  The  fractured  surface  was  then 

2 

inert  ion  sputtered  by  3KeV  argon  ions  at  a  0.4  mA/cm  ion 

-5 

current  density.  The  chamber  pressure  was  3.6x10  Pa. 
Chemical  depth  profiles  for  various  elements  were  recorded. 
Fig.  7  gives  the  depth  profile  of  oxygen  for  the  as-received 
and  heat  treated  condition. 


Results  and  Discussion 

The  fracture  stress  values  for  the  unnotched  as- 
received  and  heat  treated  specimens  are  given  in  Table  1. 

It  can  be  seen  that  the  heat  treatment  in  vacuum  has  a  min¬ 
imal  effect  on  the  mechanical  properties  of  the  composite 
while  the  heat  treatment  in  air  has  a  considerable  effect 
on  the  longitudinal  strength  of  the  composite  and  almost 
no  effect  on  the  transverse  properties.  The  reduction 
in  longitudinal  strength  is  due  to  the  interface  degradation 
during  the  heat  treatment.  Little  change  in  transverse 
properties  indicates  that  the  transverse  strength  is  repre¬ 
sentative  of  the  intrinsic  strength  of  the  matrix. 

The  fracture  stresses  for  the  notched,  mixed  mode 
type  experiments  are  listed  against  the  fiber  orienta¬ 
tion  for  the  as-received  and  500°C  air  heat  treatment 
condition,  in  Table  1.  Significant  reduction  in  the  long¬ 
itudinal  strength  is  observed  and  little  change  in  trans¬ 
verse  properties  is  seen.  As  stated  in  earlier  work  (4), 
the  mixed  mode  theories  (8-13)  only  agreed  with  the  exper¬ 
imental  data  at  angles>  35°.  At  lower  angles,  however, 
different  types  of  failure  mechanisms  are  observed.  Also, 
the  interface  influences  the  crack  propagation  significantly. 
Optical  microscopy  showed  (4)  that  for  the  as-received  con¬ 
dition,  the  crack  propagation  was  predominantly  along  the 


fibers,  for  angles  above  35  .  Below  35  however,  the 
cracking  was  at  a  certain  angle  to  the  initial  notch.  Fo 
the  500°C  air  heat  treated  condition  however,  the  crack 
extension  was  along  the  fiber  orientation  for  all  but  the 
longitudinal  measurements. 

The  reduction  in  the  longitudinal  strength  by  the 
heat  treatment  in  air  is  due  largely  to  the  fiber  and 
the  interface  degradation  of  the  composite.  In  order 
to  document  the  change  in  the  chemical  nature  at  the 
fractured  surface,  or  the  interface,  SAM  studies  were 
done  on  the  as-received  as  well  as  the  heat  treated 
specimens  (4) .  It  has  been  shown  that  a  large  concentra¬ 
tion  of  brittle  carbides,  oxides,  and  chlorine  and  sulfur 
was  found  on  the  in-situ  fractured  surface  of  B4C/B  - 
Ti-6A1-4V  composites  for  both  conditions.  However,  an 
unusually  high  concentration  of  oxides  was  found  for  the 
air  heated  specimens.  When  inert  ion  sputtered  into  the 
fiber,  the  oxygen  concentration  decreased  as  shown  in 
Fig.  7.  Compared  to  the  air-heat  treated  condition,  the 
as-received  specimen  and  the  vacuum  heat  treated  specimen 
showed  much  less  oxygen  at  the  interface.  Thus  increased 
oxide  formation  at  the  interface  can  be  considered  as  a 
possible  degrading  mechanism. 


Fatigue  Crack  Growth:  Longitudinal  Fibers 


As  mentioned  earlier,  since  the  FCP  for  all  the 

longitudinal  specimens  was  mode  I,  it  was  possible  to 

plot  the  data  in  a  conventional  (da/dN  vs  &K)  was. 

Fig.  3  shows  the  FCP  curve  for  the  as-received  Ti-6A1-4V 

matrix  composites.  For  comparison  the  data  for  Ti-6A1-4V 

(recrystallization  annealed)  is  also  plotted.  It  can  be 

seen  from  the  two  curves,  that  the  composite  da/dN  curve 

> 

is  much  steeper  <mCOInposite  >  mmatrix>  and  the  Kfailure 
for  the  matrix  is  greater  than  the  Kfaiiure  °f  the  com¬ 
posites.  The  composite  exhibits  slower  crack  growth 
rates  than  the  matrix  at  lower  AK  values  (AK  <  27.5  MPa/m) 
Lower  fiber  fatigue  strength  can  explain  why  the  com¬ 
posite  has  a  steeper  da/dN  curve  and  a  lower  Kfaiiure* 

At  lower  AK  values,  fiber  matrix  interfaces  can  act  as 
crack  blunters,  retarding  the  growth.  However,  as  AK 
is  increased,  the  fibers  cannot  withstand  the  stress 
cycling  and  start  fracturing  providing  crack  initiation 
sites.  At  a  certain  AK  the  matrix  cannot  withstand  the 
stress  and  fractures  showing  much  lower  Kfaiiure*  SEM 
of  the  fractured  surface  reveal  local  debonding,  fiber 
pullout  and  fiber  cracking  (Fig.  4).  ' 


r/f^l 


Mixed  Mode  Fatigue  Crack  Growth 


FCP  experiments  were  carried  out  on  0=0  ,  30  ,  45  , 
and  90°  specimens  for  the  as-received  as  well  as  air 
heat  treated  conditions.  A  very  interesting  observation 
was  that  for  all  the  orientations,  the  crack  extension 
was  self-similar,  unlike  predicted  in  the  strain-energy 
density  theory  (9,  10).  Even  for  the  30°  specimen,  which 
has  shown  a  non-self-similar  crack  propagation  during  ten¬ 
sion  testing,  the  FCP  was  self-similar.  FCP,  as  opposed  to 
high  strain  rate  tension  testing-,  is  a  slow  incremental 
crack  extension  process,  resulting  in  self-similar  crack 
growth  even  at  lower  fiber  angles.  This  observation 
enabled  the  monitoring  of  crack  growth  in  the  fiber 
direction.  Because  of  the  self-similar  FCP,  the  da/dN 
was  then  plotted  against  AG,  the  range  in  strain  energy 

release  rate,  where  AG  =  AGT+AGT  .  I  and  II  represent 

±  2 11  o 

AK  AK 

the  modes  of  loading  and  AG^a _ I,  AG.^  a  II .  The  crit¬ 

ical  fracture  toughness  of  thesi  composited1^  highly 
anisotropic,  just  as  the  modulus,  which  was  the  reason  for 
selecting  the  above  approach.  Thus  da/dN  is  plotted  against 
AG  for  0=0°,  45°,  and  90°  specimens  as  shown  in  Fig.  5  for 
the  as-received  and  air  heat-treated  condition.  Due  to  the 
lack  of  K-calibration ,  the  data  for  30°  specimen  is  plotted 
as  'a'  against  N  (Fig.  5(c)). 


vv> 
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As  can  be  seen  from  Fig.  5(a),  the  as-received  mixed 
mode  FCP  data  follow  the  law 


-at~  “  4G”  m~3 

The  slope  m  for  all  the  angles  is  the  same.  As  expected, 
the  longitudinal  (0=0°)  specimen  shows  slower  crack  growth 
and  much  higher  Gfailure* 

FCP  curves  for  the  heat  treated  specimens  are  plotted 
in  Fig.  5(b).  In  general,  the  FCP  observed  was  slower 
than  the  as-received  specimens.  This  slowing  down  effect 
was  much  more  pronounced  for  the  transverse  (6=90°)  speci¬ 
men  than  the  longitudinal  one.  The  longitudinal  specimens 
recorded  a  lower  Xfa;Qure  than  the  longitudinal  as-received 
specimens.  The  Kfaiiure  tor  other  orientations  changed 
only  slightly.  The  vacuum  heat  treated  longitudinal 
specimen  showed  slower  crack  growth  than  the  as-received 
condition. 

The  SEM  fractographic  studies  on  FCP  fracture  sur¬ 
faces  for  the  as-received  transverse  and  0=45°  specimen 
are  shown  in  Fig.  8(a)  and  those  for  the  air  heat  treated 
specimens  are  shown  in  Fig.  8(b).  It  is  evident  that  for 
the  as-received  condition  the  fatigue  crack  has  propagated 
by  splitting  the  fibers  to  the  core.  This  means  that  the 
fiber/matrix  interface  was  not  the  weak  link.  The  reason 
may  be  partly  due  to  the  inherent  radial  cracks  in  the 
boron  fibers  seen  in  as-received  micrograph  (Fig.  1) . 

These  cracks  can  extend  during  cycling  and  split  the  fibers 


radially  providing  the  least  resistant  path  for  the  main 
fatigue  crack.  In  the  air  heat  treated  condition,  however, 
the  fatigue  crack  propagated  through  the  fiber/matrix 
interface  only,  as  seen  in  Fig.  8(b).  This  is  explainable 
by  the  observation  that  the  interfaces  of  the  heat  treated 
specimens  were  degraded  by  oxides  as  shown  by  the  SAM  studies. 
Therefore  the  interface  provided  the  weakest  path  for 
fatigue  crack  propagation. 

The  failure  strain  energy  release  rate  Gf  for  the 
composite  is  highly  orientation  dependent.  for  the 

longitudinal  specimen  is  almost  an  order  of  magnitude 
higher  than  transverse  specimen  (Fig.  5).  The  reason  can 
be  traced  in  the  fact  that  for  longitudinal  specimens 
fiber  breaking  mechanism  constitutes  the  resistance  to  frac¬ 
ture  ,  while  for  the  other  orientations  it  is  either  radial 
crack  extension,  or  interface  splitting  mechanism. 

This  observation  is  consistent  with  that  predicted  by 
several  models  (17,  18)  which  have  estimated  that  the  value 
of  Gf  for  fiber  fracturing  mechanism  is  much  higher  than 
for  debonding  mechanisms.  For  fiber  fracture  Gf  can  be 
estimated  as 


^long 

which  can  also  explain  the  observation  that  the  G^  for 
as-received  composite  has  a  higher  value  than  that  of  the 
air  heat  treated.  It  should  be  noted  here  that  the  value 
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of  Gj  is  not  only  indicative  of  the  anisotropy  of 
the  material  but  also  indicates  the  type  of  failure  mech-  • 
anism  involved  (i.e.,  fiber  breaking,  debonding,  splitting, 
etc.)  Therefore,  if  the  mixed  mode  data  for  the  as-received 
material  is  normalized  by  one  can  plot  da/dN  against 


■=—  for  all  the  fiber  orientations.  This  curve  is  shown 
Gf 

in  Fig.  9.  It  is  an  interesting  fact  that  all  the  data  in 
Fig.  5  for  the  as-received  material  collapses  to  form  one 
single  curve 

da/dN  a  f  AG\m  m~  3 

N 


for  all  the  fiber  orientations.  This  type  of  curve  can 

be  very  useful  in  predictive  analyiss  since  it  takes  care 

of  the  anisotropy  of  the  composite.  Using  the  form 
2 

a  we  can  write 


E 


da/dN 


m 


for  all  the  fiber  orientations  showing  self-similar  crack 
growth. 

Effect  of  Gaseous  Environments  on  the  FCP 

Fig.  6  shows  the  FCP  behavior  of  B4C-B/Ti-6Al-4V 
longitudinal  specimens  in  different  environments.  It  can 
be  noticed  that  at  lower  AK  values  there  is  an  order  of 


magnitude  difference  in  FCP  rates  between  vacuum  and  100%  RH. 
The  fatigue  crack  growth  rate  tends  to  be  greater  in  en¬ 
vironments  of  increased  himidity.  The  difference  in  FCP 


rates  in  dry  N2  gas  and  vacuum  were  minimal.  Vacuum  and 
N2  gas  FCP  showed  a  higher  value  of  Kfaiiure  than  the  wet 
air,  suggesting  an  environmental  effect  on  the  K^,  of  the 
material.  This  effect  is  under  further  study. 


Fractographic  studies  (Fig.  11)  showed  a  considerable 
matrix  damage  and  fiber  cracking  for  the  100%  RH  FCP  speci¬ 
mens  .  The  fatigue  in  vacuum,  however,  showed  a  cleaner  matrix 
with  evidence  of  fiber  breakage  and  pull  out.  The  fracture 
surfaces  for  the  N2  gas  and  vacuum  were  similar. 

Finally,  a  note  on  the  effect  of  heat  treatment  on 


the  matrix.  As  shown  earlier,  the  heat  treatment  transports 
some  oxygen  down  the  interface.  Oxygen  is  also  present  in 
the  matrix.  Increasing  oxygen  content  can  lead  to  increasing 
the  grain  size  (19) .  Although  there  is  a  slight  increasse  in 
strength  with  corresponding  reduction  in  fracture  toughness, 
it  was  observed  that  increasing  oxygen  content  did  not  affect 
the  Stage  II  FCP  properties  of  recrystallization  annealed 
Ti-6A1-4V  alloys  (19) .  Therefore,  it  is  concluded  that  it  is 
the  fiber/matrix  interface  which  is  degraded  by  the  heat 
treatment  rather  than  the  matrix. 


In  summary,  the  tensile,  mixed  mode  and  fatigue  crack 


propagation  studies  carried  out  on  the  as-received  and  heat- 
treated  B^C-B/Ti-6Al-4V  composites  resulted  in  the  following 
conclus ions : 


1.  The  500°C,  7  days  in  air  heat  treatment  reduced  the 
longitudinal  strength  by  about  30%,  but  had  no  effect 
on  the  transverse  strength.  The  vacuum  heat  treatment 
had  minimal  effect  on  the  mechanical  properties. 

2.  Mixed  mode  tensile  crack  propagation  was  self-similar 
except  for  the  fiber  angles  below  35°. 

3.  SAM  studies  revealed  increased  oxide  formation  due  to 
heat  treatment  in  air  at  the  fiber  matrix  interface. 

4.  The  fatigue  crack  propagation  for  the  longitudinal 
as  well  as  off-axis  specimens  was  self-similar.  For 
the  longitudinal  specimens  the  slope  of  da/dN  vs.  AK 
curve  was  much  steeper  than  the  Ti-6Al-4V  matrix  curve 


with  a  lower  K 


failure’ 


5.  The  mixed  mode  FCP  was  self-similar,  and  was  found  to 

follow  the  law  da/dN  a  AGm,  for  the  as-received  and  heat 


treated  specimens . 

6.  For  the  as-received  specimens,  normalization  by  Gf  led 
to  a  generalized  curve 


for  e 


0  ,  45  ,  and  90 


da 

dN 


a  /  AGV 


specimens  for  self-similar  crack  growth. 

Fractography  revealed  that  the  fatigue  crack  splits 
the  fibers  in  the  as-received  off-axis  specimens  but 
follows  an  interfacial  path  in  case  of  heat  treated 
specimens.  This  could  explain  the  slower  crack  growth 
rates  in  the  heat  treated  samples. 

Humid  environments  tend  to  accelerate  the  FCP  of  the 
longitudinal  specimens.  They  also  show  a  lower 


,  than  the  inert  or  vacuum  environments, 
failure 
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Nomenclature 


Crack  length 

Fatigue  crack  growth 

Young's  modulus  in  0  direction 

Fiber  orientation  with  respect  to  the  load  line 
Strain  energy  release  rates 

Strain  energy  release  rates  for  mode  I  and  II 
loading 

Range  in  the  strain  energy  release  rate 
Failure  strain  energy  release  rate 
Shear  modulus 

Half  height  of  the  compact  tension  specimen 
Stress  intensity  factor 

Stress  intensity  factor  for  mode  I  and  II  loadings 
respectively 

Range  in  the  stress  intensity  factor 
Failure  stress  intensity  factor 
Exponent 

Number  of  cycles 
Load 

Range  in  the  load 
Load  ratio 

Width  of  the  specimens 
Stress 


Failure  stress 


Fig.  1  (a) 


Fig.  2  (a) 


Figure  Captions 


The  as-received  B^C  coated  boron/Ti-6Al-4V 
composite . 

B^C-B/Ti-6Al-4V  heat  treated  at  500°C  7  days 
in  air. 

Longitudinal  and  off-axis  FCP  specimens. 

A  notched  tension  specimen. 


Fig.  3  Fatigue  crack  growth  data  for  B^C-B/Ti-6Al-4V 

longitudinal  specimen,  in  comparison  with  Ti-6Al-4V 
recrystallization  annealed  (19)  matrix.  R=0.1. 

Fig. 4  Fatigue  fractured  surface  of  the  longitudinal  as- 
received  B^C-B/Ti-6Al-4V  material. 

Fig.  5  Mixed  mode  fatigue  crack  growth  of  B4C-B/Ti-6Al-4V 
composites;  for  (a)  as-received  (b)  heat  treated 
condition,  and  (c)  30°  fiber  angle  specimen. 

Fig.  6  Effect  on  gaseous  environment  on  the  fcp  of  B^C-B/ 
Ti-6A1-4V  longitudinal  specimens. 

Fig.  7  Depth  profile  for  the  in-stu  fractured  surface  of 
B4C-B/Ti-6Al-4V  composite.  Depth  calculated  from 
sputtering  at  same  parameters  on  standard  titanium 


Fig.  8  (a) 


Fatigue  fractured  surfaces  for  the  as- 
received  transverse  and  0=4  5°  orientation 
B4C-B/Ti-6Al-4V. 

(b)  Fatigue  fractured  surfaces  for  the  heat 

treated  transverse  and  6=45°  orientation 
B4C-B/Ti-6Al-4V. 

Fig.  9  da/dN  against  AG/Gp  data  for  longitudinal,  trans¬ 
verse  and  0=45°  orientation  specimens  for  as- 
received  condition. 

Fig.  10  Fatigue  fractured  surface  of  the  air  heat  treated 
B4C-B/Ti-6Al-4V  longitudinal  specimen. 

Fig.  11  SEM  fractography  of  the  fatigue  fractured  sur¬ 
faces  in  vacuum,  Nj  gas  and  100%  RH  air. 


Fiber  direction 


t 


Fiber  direction 


Load 


Figure  2  (a)  Compact  tension  longitudinal  and  off-axis  edge 

notched  FCP  specimens.  Aluminum  doublers  are 
used  to  strengthen  the  pin  points. 


(b)  Notched  tension  specimen.  0  is  the  fiber  angle. 


da/dN  mm/cycle 


io2  io3  io4 
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Figure  5(b) 


Figure  7 
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Environmentally  Influenced  Mixed  Mode  Fatigue  Crack 
Propagation  of  Titanium  Metal  Matrix  Composites 

DEEPAK  MAHUUKAR  and  H.  L.  MARCUS 

Effect  of  humid  air  environments  on  the  mixed  mode  fatigue  crack  propagation  behavior  of  B4C-B  and 
BORSKT  reinforced  Ti-6Ai-4V  metal  matrix  composites  was  studied.  Humid  environments  enhanced 
the  mixed  mode  fatigue  crack  propagation  rates  in  the  as-received  titanium  matrix  composites  at 
R  =  0.1.  The  effect  was  more  pronounced  in  the  transverse  and  45  deg  specimens.  A  transition  in 
failure  modes  from  fiber  splitting  in  humid  air  to  interfacial  splitting  in  dry  environments  was  observed 
at  a  load  ratio  of  0. 1 .  The  transition  took  place  at  around  100  Pa  water  vapor  pressure,  where  a  steep 
rise  in  fatigue  crock  propagation  rate  was  noticed.  At  R  =  0.5,  however,  no  fiber  splitting  was 
observed  in  humid  air.  Fatigue  crack  closure  load  measurements  revealed  that  closure  loads  were 
higher  in  humid  air  than  in  dry  environments.  The  fiber  splitting  is  suggested  as  an  environmentally 
induced  crack  closure  effect,  where  plastically  deformed  matrix  sets  up  stress  fields  (radial  and  mode 
III  stresses)  on  the  brittle  boron  fibers  weakened  by  the  humidity. 


I.  INTRODUCTION 

U  NIDIRECTION  ALLY  reinforced  titanium  metal  matrix 
composites  have  long  been  considered  for  applications  in 
dynamic  structures.1,2  However,  little  work  is  reported  on 
some  important  properties  such  as  mixed  mode  fracture  and 
fatigue  crack  propagation  (FCP)  behavior  of  these  com¬ 
posites.  Because  of  the  inherent  anisotropy  and  die  presence 
of  fiber-matrix  interfaces,  understanding  mixed  mode  frac¬ 
ture  behavior  of  such  composites  is  essential.  Studies  were, 
therefore,  aimed  at  the  mixed  mode  behavior  of  the  as- 
received  composites  and  the  results  have  been  reported  else¬ 
where.3  It  was  observed  that  the  mixed  mode  fatigue  crack 
propagation  of  the  as-received  B*C-B/Ti-6Al-4V  com¬ 
posites  was  self-similar,  i.e.,  along  the  initial  notch  and 
parallel  to  the  fiber  orientation  at  all  the  fiber  (mentations3 
The  fiber  orientation  was  the  weakest  path  for  the  crack 
growth.  It  was  shown  that  the  mixed  mode  FCP  for  the 
composite  can  be  expressed  by 

da/dN*(AG)m  m  ~  3 

for  a  particular  fiber  orientation,  and  can  be  expressed  by 

da/dN*{AG/GF  (0)Y 

for  all  the  fiber  orientations  where  Gf(0)  represents  the 
failure  strain  energy  release  rate  for  the  composite  which 
was  analytically  estimated  with  the  help  of  a  simple  linear 
elastic  fracture  mechanics  model.3,4 

The  influence  of  gaseous  environments  on  the  FCP  of  the 
longitudinal  B4C-B/Ti-6AI-4V  specimens  was  also  stud¬ 
ied.  4  It  was  shown  that  the  humid  air  enhanced  the  FCP 
rates  of  the  composites  considerably.3  It  has  been  documen¬ 
ted  that  a  Ti-6Al-4  V  alloy  showing  similar  microstructure  as 
the  matrix  alloy  in  this  investigation  does  not  show  appre¬ 
ciable  difference  in  the  stage  II  FCP  rate  for  dry  and  wet  air 
at  R  =  0. 1  ?  The  enhancement  of  the  FCP  rates  in  humid  air 
for  the  longitudinal  B4C-B/Ti-6Al-4V  composite  was  there- 
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fore  an  interesting  observation.  The  composite  system  has 
brittle  boron  filaments  which  contribute  to  the  FCP  behav¬ 
ior.  It  has  been  suggested6  that  humid  air  weakens  the 
boron  filaments  in  aluminum-boron  composites  similar  to 
other  ceramics.  Boron  is  very  much  susceptible  to  humidity 
embrittlement.  Considerable  increase  in  FCP  rates  was 
observed  for  the  Al/B  composites  when  humid  air  was 
introduced  in  the  vacuum  chamber.6  Since  the  fiber  matrix 
interfaces  and  the  boron  fibers  can  provide  embrittlement 
sites  for  the  humidity,  it  is  important  to  study  the  effect 
of  humidity  on  the  mixed  mode  FCP  behavior  of  the 
titanium  metal  matrix  composites. 

The  titanium  metal  matrix  composite  system  consists  of 
brittle  boron  filaments  and  ductile  Ti-6AI-4V  matrix.  This 
presents  a  unique  situation  for  the  fatigue  crack  closure 
effect.  Fatigue  crack  closure  has  been  studied  extensively 
for  isotropic  materials.7"13  During  the  lower  part  of  the 
tension-to-tension  load  cycle,  the  crack  surfaces  physically 
close  due  to  the  residual  plastic  deformation  left  at  the  wake 
of  the  crack  tip.  It  has  been  shown  for  aluminum  alloys12  that 
in  humid  air  an  oxide  layer  builds  up  on  the  crack  surfaces. 
This  results  in  increasing  the  residual  displacement  at  the 
edges  of  the  specimen  where  a  plane  stress  region  exists.  For 
the  titanium  matrix  composites,  this  type  of  effect  can  be 
significant  although  the  oxide  formation  is  much  slower. 
Since  the  filaments  cannot  deform  plastically,  only  the  ma¬ 
trix  contributes  to  the  fatigue  crack  closure.  Thus,  in  humid 
air,  this  plastically  deformed  matrix  can  set  up  radial  stress 
fields.  This  can  result  in  fiber  damage  and,  in  turn,  can 
affect  the  mixed  mode  FCP  of  the  titanium  metal  matrix 
composites.  The  purpose  of  this  paper  is  to  study  the  stress 
field,  fatigue  crack  closure,  and  humidity  influences  on 
the  mixed  mode  fatigue  crack  propagation  behavior  of  the 
titanium  metal  matrix  composites. 

II.  EXPERIMENTAL  PROCEDURES 

Experiments  were  done  on  the  as-received  B4C-B  and 
BORSIC  reinforced  (Ti-6A1-4V)  composite  materials.  The 
fiber  volume  fraction  was  40  pet.  The  experimental  set-up 
for  the  mixed  mode  fatigue  crack  propagation  (FCP)  testing 
has  been  described  elsewhere.3,4  Two  types  of  experiments 
were  conducted. 
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A.  FCP  in  Gaseous  Environments 

To  study  the  influence  of  gaseous  environments  on  the 
FCP,  experiments  were  done  in  environments  of  different 
relative  humidities.  For  this  purpose,  use  of  a  high  vacuum 
system  (sorption  and  ion  pumps)  connected  to  an  environ¬ 
mental  chamber  was  made.  Three  sets  of  experiments  were 
done  on  B4C/B,  B0RSIC/Ti-6A1-4V  composites  to  study 
the  environmental  effects. 

In  the  first  set,  only  longitudinal  B4C/B(Ti-6Al-4V) 
specimens  were  tested  in  100  pet  RH,  dry  N2  gas  and 
3.6  x  10"5  Pa  vacuum  environments.  These  were  run  at 
constant  A P  with  R  =  0. 1 .  The  results  have  been  reported.3 

In  the  second  set,  mixed  mode  FCP  in  environments  of 
different  humidities  was  studied.  Transverse  (0  =  90  deg) 
and  0  =  45  deg  specimens  were  tested  at  constant  A P  with 
R  =  0. 1 ,  in  vacuum,  dry  N2  gas,  and  in  humid  air  (approxi¬ 
mately  50  pet  RH). 

In  the  third  set  of  experiments  on  transverse  specimens, 
the  fatigue  crack  was  first  grown  up  to  a/w  =  0.4  in  a 
certain  environment  (e.g.,  vacuum)  at  constant  A K  and 
R  =  0. 1 .  The  cycling  was  then  stopped  and  the  specimen 
was  held  at  the  mean  load.  Another  environment  of  different 
water  vapor  pressure  was  then  leaked  in  with  the  help  of  a 
leak  valve.  The  cycling  was  then  continued  in  that  environ¬ 
ment  at  the  same  A K  and  R.  FCP  rates  in  both  environments 
were  recorded  along  with  the  crack  length  at  which  the 
transition  occurred.  Fractography  was  then  carried  out  to 
identify  the  failure  mechanisms  in  the  two  environments  of 
different  relative  humidities,  and  at  the  transition  region. 
FCP  rates  were  then  plotted  against  the  water  vapor  pres¬ 
sures. 

B.  Fatigue  Crack  Closure  and  Load  Ratio  Effects 

All  the  earlier  mentioned  FCP  testing  was  done  at  a  load 
ratio  of  0. 1 .  At  this  load  ratio  considerable  amount  of  fa¬ 
tigue  crack  closure  has  been  observed  in  the  isotropic  mate¬ 
rials.7'12  Fractography  of  the  mixed  mode  fatigue  fractured 
specimens  in  humid  air  revealed  some  fiber  damage  in  the 
form  of  chipping  suggesting  a  squeezing  effect  of  the  matrix 
on  the  fibers.  This  strongly  suggested  a  crack  closure  effect 
at  R  =  0. 1 .  In  order  to  study  the  crack  closure  effect  and  its 
influence  on  the  failure  mechanism  in  the  off-axis  speci¬ 
mens,  FCP  experiments  were  carried  out  at  the  R  value  of 
0.5  on  the  transverse  as  well  as  the  45  deg  specimens  in 
humid  air.  FCP  rates  were  recorded,  and  fractography  was 
carried  out  to  identify  the  failure  mechanisms.  In  a  second 
set  of  experiments  on  the  B4C-B/Ti-6Al-4V  transverse 
specimens  the  fatigue  crack  was  first  grown  at  a  certain  load 
ratio  ie.g. ,  0. 1 ),  in  humid  air.  The  cycling  was  then  stopped 
and  resumed  at  a  different  R.  Fractography  was  performed 
on  each  sample  after  fracture. 

Finally,  the  fatigue  crack  closure  loads  were  measured  in 
different  environments  and  at  different  load  ratios.  The  ex¬ 
perimental  set-up  to  measure  the  crack  closure  loads  is 
shown  in  Figure  I .  A  sensitive  clip-on  gage  was  attached  on 
the  side  of  the  specimen  to  record  the  crack  opening  dis¬ 
placement.  The  load  displacement  curve  was  recorded  at  a 
frequency  of  0.02  Hz.  Crack  closure  was  measured  in  two 
different  experiments.  In  the  first  experiment,  the  fatigue 
crack  was  initially  grown  ai  R  =  0. 1  in  humid  air.  The 
cycling  was  then  stopped  and  the  load  displacement  curve 
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Fig.  1  — Experimental  set-up  for  the  fatigue  crack  closure  measurements. 


recorded  at  0.02  Hz.  The  cycling  was  then  resumed  at  an  R 
value  of  0.5  and  the  crack  was  grown  by  an  increment  of 
2.5  mm.  Crack  closure  measurements  were  then  carried 
out.  In  the  second  experiment  on  a  transverse  specimen,  the 
fatigue  crack  was  initially  grown  in  dry  N2  gas  at  R  =  0. 1 
and  the  closure  curve  was  recorded.  The  cycling  was  then 
stopped  and  humid  air  was  introduced  in  the  chamber.  A 
crack  closure  measurement  was  taken  at  the  same  crack 
length.  The  cycling  was  then  continued  in  humid  air,  and 
another  crack  closure  measurement  was  made  after  a  crack 
growth  of  0.7  mm. 

It  should  be  noted  here  that  the  mixed  mode  FCP  data 
are  plotted  as  da/dN  =  (AC)™  where  AG  =  (AG)™*!  + 
(ACUg  and  AG,  ~  Altf/E,  and  AG„  =  A K\/En. 

The  -calibration  used  was  that  for  the  isotropic  mate¬ 
rials.13  It  has  been  shown14  that  the  Af-calibration  for  isotropic 
materials  can  be  used  for  longitudinal  BORSIC/Ti-6AI-4V 
specimens.  For  off-axis  specimens,  normalization  by  the  an¬ 
isotropic  modulus  was  done  in  order  to  correct  for  the  aniso¬ 
tropic  G-calibration.  The  details  are  given  in  Reference  4. 


III.  RESULTS  AND  DISCUSSIONS 

A.  Effect  of  Humidity  on  the  Mixed  Mode  FCP 

The  results  for  the  FCP  experiments  in  environments  of 
different  relative  humidities  on  the  transverse  and  0  = 
45  deg  specimens  are  presented  in  Figures  2  and  3. 
Figure  2  gives  the  FCP  data  for  the  as-received  B4C-B/ 
Ti-6A1-4V  specimens  in  vacuum  and  humid  air  at/?  =  0.1. 
It  is  apparent  that  the  FCP  rates  tend  to  be  higher  in  humid 
environments.  The  FCP  rate  is  significantly  higher  for  the 
transverse  and  0  =  45  deg  specimens  than  the  longitudinal 
specimens.  In  fact,  for  the  transverse  specimen,  the  FCP 
rate  for  the  humid  air  is  almost  20  times  the  FCP  rate  for  the 
dry  N2  gas  at  R  =  0.1.  Also,  humid  air  FCP  recorded  a 
lower  value  of  KMm  than  the  dry  environments  for  all 
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2 — Mixed  mode  FCP  for  the  as-received  B4C-B/Ti-6AI-4V  com 
:e  in  environments  of  different  relative  humidities  at  R  =  0. 1 . 


A  G  Pa~m 


Fig.  3  —  Mixed  mode  FCP  for  the  as-received  BORSIC/Ti-6AI-4V  com¬ 
posite  in  humid  air  and  vacuum  at  R  =  0.1. 


the  orientations.  Again,  the  effect  was  significant  for  the 
transverse  and  the  0  =  45  deg  specimens.  Similar  observa¬ 
tions  were  made  for  the  B0RSIC/Ti-6A1-4V  composites 


Fig.  4 — Mixed  mode  FCP  for  the  as-received  B<C-B/Ti-6Al-4V  speci¬ 
mens:  (a)  transverse  in  dry  N2  gas  and  (b)  0  =  45  deg  specimen  in  vacuum. 
R  =  0.1. 


(Figure  3).  FCP  rates  for  both  the  composite  systems  in 
vacuum  and  dry  N2  gas  were  similar. 

In  order  to  study  the  humidity  effect  on  the  FCP  of  the 
titanium  MMCs,  fractography  was  carried  out  on  the  trans¬ 
verse  and  45  deg  specimens  (Figure  4).  The  FCP  in  humid 
air  at  R  =  0. 1  was  by  fiber  splitting,  as  reported  earlier.3 
Some  specimens  also  showed  fiber  damage  in  the  form  of 
chipping.  Since  interfaces  are  the  weak  links  in  these  com¬ 
posites,  it  is  expected  that  the  humidity  would  weaken  the 
interfaces  in  preference  to  the  fibers.  The  FCP  in  the  dry 
environments,  on  the  other  hand,  was  by  interfacial  splitting 
(Figure  4).  This  surprising  result  was  also  observed  for 
the  BORSIC  composites.4  Thus,  for  R  =  0. 1  loading  the 
vacuum  and  the  N2  gas  FCP  specimens  showed  predomi¬ 
nantly  interfacial  splitting,  and  humid  air  specimens  showed 
predominantly  fiber  splitting. 

If  there  was  a  transition  in  the  failure  modes  from  inter¬ 
facial  splitting  in  dry  environments  to  the  fiber  splitting  in 
the  humid  environments,  it  is  expected  to  occur  at  a  certain 
water  vapor  pressure.  The  third  set  of  experiments  was. 
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therefore,  carried  out  to  investigate  the  water  vapor  pressure 
effect  on  the  FCP  rates.  The  data  are  shown  in  Figure  5.  The 
da/dN  variation,  with  respect  to  the  water  vapor  pressure, 
shows  a  rise  in  the  FCP  rate  at  around  100  Pa  water  vapor 
pressure.  The  fractured  surfaces  of  the  particular  test  speci¬ 
men  were  examined  in  an  SEM  (Figure  6).  It  is  quite  evident 
that  a  transition  in  failure  mode  is  present.  The  vacuum  FCP 
was  by  interfacial  splitting,  while  at  the  point  of  introduction 
of  humidity,  a  tendency  toward  fiber  splitting  is  visible.  The 
fiber  splitting  process  is  not  total,  but  represents  approxi¬ 
mately  50  pet  of  the  fracture  surface.  Since  there  is  a  rise  in 
the  FCP  rate  at  the  transition  point,  the  fiber  splitting  can  be 
linked  to  the  increased  FCP  rate  in  humid  air  at  R  =  0. 1 . 
This  possibility  will  be  discussed  further. 


10 


10' 


,-2 


da/dN  IQ-** 

mm/cycle 

10-5 


#  AK-  16.5  MPa/m 

*  AK-  13  2  MPa/m 


10' 


1  100  1<T 


PRESSURE  (Pa)  — . 

Fig.  5  —  Variation  of  the  FCP  rates  for  the  BORSIC/Ti-6Al-4V  transverse 
specimens  with  respect  to  the  water  vapor  pressure  at  =  0  1  and  con¬ 
stant  \K. 


B.  Fatigue  Crack  Closure:  The  Load  Ratio  Effect 

Although  the  strong  humidity  effect  on  the  FCP  behavior 
of  the  titanium  MMCs  was  confirmed  by  fractographic  analy¬ 
sis,  some  interesting  questions  remained  unanswered.  It 
has  been  stated  earlier  that  some  humid  air  FCP  specimens 
showed  fiber  chipping  in  addition  to  fiber  splitting.  This 
suggested  a  possible  hammering  or  a  crack  closure  effect. 
Fatigue  crack  closure  is  a  result  of  the  residual  plastic  defor¬ 
mation  left  at  the  wake  of  the  crack  tip.  This  closure  effect 
can  set  up  stress  fields  on  the  fiber.  Also,  since  the  speci¬ 
mens  were  very  thin,  some  mode  III  stresses  are  expected  to 
act  on  the  fibers  during  the  lower  part  of  the  fatigue  cycle 
during  closure.  In  other  words,  the  fiber  splitting  mecha¬ 
nism  seen  for  FCP  in  humid  air  at  R  =  0. 1  could  be  a  result 
of  an  environmentally  induced  fatigue  crack  closure. 

In  order  to  verify  this  possibility,  FCP  experiments  were 
done  in  humid  air  at  an  R  of  0.5.  At  this  load  ratio  the 
crack  closure  effect  is  minimal.  Fractography  showed  that 
(Figure  7)  although  the  R  =  0.5  FCP  was  in  humid  air, 
the  failure  was  predominantly  by  interfacial  splitting  and 
not  by  fiber  splitting.  This  pointed  to  the  possibility  of  an 
environmentally  induced  fatigue  crack  closure  effect  in¬ 
fluencing  the  mode  of  failure. 

In  order  to  confirm  the  R  effect,  experiments  were  done 
in  humid  air  on  a  single  transverse  specimen  at  two  different 
R  values.  The  fatigue  crack  was  initially  grown  at  R  =  0. 1 
and  then  at  R  =  0.5.  Fractography  was  then  carried  out  to 
check  for  the  transition  in  failure  modes  (Figure  8).  Al¬ 
though  a  clear-cut  fiber  splitting  to  interfacial  splitting  tran¬ 
sition  is  not  seen,  the  two  different  failure  modes  (fiber 
splitting  at  R  =  0. 1  and  interfacial  splitting  at  R  =  0.5)  are 
visible.  Another  experiment  was  done  on  a  transverse  speci¬ 
men  where  the  fatigue  crack  was  initially  grown  at  R  =  0.5 
and  then  at  R  =  0.1 .  Here  again,  the  two  different  failure 
modes  are  seen  (Figure  8(b)).  An  interesting  thing  can  be 
observed  in  Figure  8(b).  The  fibers  in  the  R  =  0.5  region 
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Fig.  6  —  Fatigue  fractured  surface  of  the  transverse  BORSIC/Ti-6AI-4V  specimen  showing  the  transition  in 
failure  modes  Interfacial  splitting  in  vacuum  to  about  50  pci  Tiber  splitting  in  133  Pa  water  vapor  pressure. 
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Transverse 
Humid  Air 


Fig.  7 — Fatigue  fractured  surface  of  the  BORSIC/Ti-6Al-4V  specimen  at 
R  =  0.5.  The  FCP  was  in  humid  air. 

are  cracked  (not  split),  unlike  the  case  when  the  FCP  was 
entirely  at/?  =  0.5.  This  suggests  that  when  the  loading  was 
changed  to  R  =  0. 1 ,  the  fibers  started  fracturing.  The  crack 
closure-induced  mode  III  stresses  started  acting  on  the  fibers 
resulting  in  the  fiber  cracking  near  the  crack  tip. 

The  fatigue  crack  closure  measurements  at  R  =  0. 1 
showed  substantial  crack  closure  load  (Figure  9),  while  one 
at  R  -  0.5  showed  little  closure.  The  effect  of  humid  air  at 


Displacement 

Fig.  9  —  Fatigue  crack  closure  curves  for  the  as-received  B.C-B/ 
Ti-6A1-4V  transverse  specimens. 

J?  =  0. 1  is  established  in  Figure  10.  A  very  small  amount  of 
closure  was  noticed  for  N2  gas  environment  while  intro¬ 
duction  of  humid  air  in  the  environment  chamber  increased 
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Fig.  8  —  Fatigue  fractured  surfaces  of  the  B4C-B/Ti-6Al-4V  specimens  at  R  =  0.1  and  0.5  in  humid  air. 
Magnification  47  times. 
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Fig.  10 — Fatigue  crack  closure  curves  for  the  B4C-B/Ti-6Al-4V  trans¬ 
verse  specimen  in  dry  N2  gas  and  humid  air  at  R  =  0.1. 


the  closure  load.  A  further  increase  was  noticed  when  the 
crack  was  grown.  These  experiments  confirmed  that  signifi¬ 
cant  amount  of  crack  closure  is  observed  at  R  =  0.1  and  in 
humid  air.  This  can  be  due  to  the  formation  of  the  oxide 
layer  and  the  mechanical  strengthening  of  the  asperities.12 
Therefore,  a  combination  of  humidity,  high  closure  loads, 
and  mode  III  stresses  seems  to  be  responsible  for  the  fiber 
splitting  in  humid  air  at  R  =  0. 1 . 

From  the  earlier  discussion,  it  is  evident  that  depending 
on  the  loading  conditions  and  environments,  either  fiber 
splitting  or  interfacial  splitting  is  observed  in  the  titanium 
MMCs.  Those  conditions  and  the  corresponding  failure 
mechanisms  are  listed  in  Table  I.  Fiber  splitting  is  ob¬ 
served  when  a  combination  of  humid  air,  mode  III  stress, 
and  R  =  0. 1  loading  is  present.  If  any  one  of  these  condi¬ 
tions  (i  e.,  crack  closure,  humid  environment,  or  mode  III 
stresses)  is  missing,  interfacial  splitting  is  observed. 
It’s  important  to  note  that  the  relative  ability  of  these 
individual  conditions  to  influence  the  failure  mode  is  not 
known.  It  is  suggested  that  the  interfacial  path  of  the  crack 
is  changed  when  a  combination  of  humidity,  crack  closure, 
and  mode  III  stresses  is  introduced.  The  fracture  of  the 
brittle  fiber  will  be  followed  by  the  surrounding  matrix  and 
the  FCP  will  be  faster. 


IV.  SUMMARY  AND  CONCLUSIONS 

Room  temperature  mixed  mode  fatigue  crack  propaga¬ 
tion  studies  were  carried  out  on  the  as-received  B4C-B  and 
BORSIC  fiber  reinforced  Ti-6A1-4V  matrix  composites. 
Effects  of  gaseous  environments  on  the  FCP  properties  were 
investigated.  Load  ratio  and  fatigue  crack  closure  effects 
during  mixed  mode  fatigue  crack  propagation  were  also 
studied.  The  following  conclusions  were  reached: 


Table  I.  Modes  of  Failure  Observed  for  the 
Mixed  Mode  (8  =  45  and  90  deg)  B<C-B  and 
BORSIC  Reinforced  TI-6A1-4V  Specimens  for 
Different  Environmental  and  Loading  Conditions 


Specimens  — » 
Testing  method 

TENSION 

r Humid  air 
R  =  0.1 


As-Received 


*Heat  Treated 


(from  References  3, 4) 
Interfacial  splitting  Interfacial  splitting 

Fiber  splitting  Interfacial  splitting 


Humid  air  Interfacial  splitting 
R  =  0.5 


Dry  N2  or 
Vacuum 
R  =  0.1 
Fast 

.fracture 


Interfacial  splitting 


Interfacial  splitting 


*A  500  °C-7  day  heat  treatment  was  given  to  the  as-received  specimens. 
The  treatment  was  done  for  vacuum,  as  well  as  for  the  air  environment. 


1 .  Humid  air  mixed  mode  FCP  rates  for  the  titanium  MMCs 
were  greater  than  the  dry  environment  (vacuum  and  dry 
N2  gas)  FCP  rates  at  R  =  0.1.  The  effect  was  substantial 
for  the  transverse  and  the  45  deg  specimens. 

2.  The  variation  of  the  FCP  rate  at  constant  A/C  and  R  =  0.1 
with  respect  to  the  water  vapor  pressure  showed  a  rise  in 
the  FCP  rates  at  about  100  Pa  water  vapor  pressure.  A 
transition  in  failure  mode  was  seen  from  interfacial  split¬ 
ting  in  the  vacuum  to  fiber  splitting  in  the  humid  air  at 
100  Pa  water  vapor  pressure. 

3.  At  R  =  0.5  in  humid  air,  the  FCP  was  by  interfacial 
splitting. 

4.  Significant  fatigue  crack  closure  was  observed  for  the 
humid  air  FCP  at  R  -  0.1.  Small  amounts  of  crack  clo¬ 
sure  were  measured  for  the  FCP  in  dry  N2  gas  at  /f  =  0.1 
and  for  the  R  =  0.5  FCP  in  the  humid  air. 

5.  The  failure  mechanism  for  the  mixed  mode  FCP  of  the 
as-received  titanium  matrix  composites  in  humid  air  at 
R  =  0.1  was  fiber  splitting.  For  all  the  other  conditions 
(heat  treatments,  dry  environments,  R  =  0.5,  and  the 
tensile  fracture)  the  failure  was  by  interfacial  splitting. 

6.  The  fiber  splitting  resulted  in  faster  FCP  rates. 

7.  The  relative  abilities  of  fatigue  crack  closure,  humidity, 
and  mode  Ill-type  of  stresses  to  influence  the  failure 
mode  are  not  understood. 


LIST  OF  SYMBOLS 

a  crack  length 

d  diameter  or  residual  displacement 
da/dN  fatigue  crack  growth  rate 
E  Young’s  modulus 

Ei,Ei,  axial  and  transverse  modulus,  respectively 

C  strain  energy  release  rate 

Gi.G'i  G  for  mode  I  and  mode  II  loading,  respectively 

Gr  critical  strain  energy  release  rate 

Gf  failure  strain  energy  release  rate 

AG  range  in  strain  energy  release  rate 
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K,  k  stress  intensity  factor 

Ku  Ka  K  for  mode  I  and  II  loading,  respectively 
Kfutm  failure  stress  intensity  factor 
&.K  range  in  the  stress  intensity  factor 

l,  L  length 

m  exponent 

N  number  of  cycles 

P  load 

AP  range  in  the  load 

r  radius 

R  load  ratio  (PmjP 

max) 

MMC  metal  matrix  composites 

FCP  fatigue  crack  propagation 

6  fiber  orientation  with  respect  to  load  axis 
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APPENDIX  E 


INFLUENCE  OF  INTERFACE  DEGRADATION  AND  ENVIRONMENT 
ON  THE  THERMAL  AND  FRACTURE  FATIGUE  PROPERTIES  OF  TITANIUM 
MATRIX/CONTINUOUS  SiC  FIBER  COMPOSITES 

Y.H.  Park  and  H.L.  Marcus 

Mechanical  Engineering/ 

Materials  Science  and  Engineering 
The  University  of  Texas 
Austin,  Texas  78712 


Summary 

Interface  degradation  from  thermal  cycling  in  the  environments  such 
as  vacuum,  air  and  sulfur  was  investigated  using  SEM  fractography  and  AES. 
SEM  fractography  shows  that  thermal  fatigued  specimens  produce  more  damage 
to  the  fiber  interface  than  isothermally  treated  specimens .  Liquid  nitro¬ 
gen  treatment  before  thermal  treatment  gave  a  consistent  result  due  to  the 
reproducibility  of  the  initial  condition  of  the  samples.  Based  on  an 
elastic  solution,  the  interface  stress  was  estimated  and  at  room  tempera¬ 
ture,  the  stress  state  was  tensile  with  a  value  of  approximately  100  ksi 
after  thermal  cycling  between  550°C  and  RT.  From  the  sulfur  environment 
experiments,  the  interface  diffusion  coefficient  was  found  to  be  about 
10"°  cnr/sec  and  the  sulfur  concentration  vs.  distance  is  expressed  as 
JlnCs  =  kx. 


Introduction 


Filamentary  metal-matrix  composites  have  generated  a  considerable 
amount  of  interest  in  the  materials  field  because  of  their  potential  appli¬ 
cations  in  dynamic  structures.  A  metal-matrix  composite  system  (MMC)  car¬ 
ries  certain  potential  advantages  over  other  non-metal  containing  composite 
systems.  High  strength,  modulus,  toughness,  reproducibility  of  properties, 
surface  durability,  and  low  notch  sensitivity  when  compared  to  non-metal 
matrix  composites  are  just  a  few  of  these  potential  advantages.  The  MMC 
systems  are  characterized  by  heterogeneity,  anisotropy,  strengthening  by 
load  transfer  and  interfaces.  In  order  for  the  full  potential  of  these 
systems  to  be  used,  a  better  understanding  of  the  above-mentioned  effects 
must  be  acquired.  While  analytical  tools  like  stress  analysis  and  linear 
elastic  fracture  mechanics  are  useful  in  understanding  the  mechanical  pro¬ 
perties  of  matrix  and  reinforcement  together,  they  cannot  be  used  directly 
to  find  out  the  effect  of  interface  properties  on  the  mechanical  response 
of  the  system. 

Studies  have  been  done  to  obtain  tensile,  toughness,  and  fatigue  pro¬ 
perties  of  various  MMC  systems.  Early  investigations  in  fatigue  were 
limited  to  cyclic  stress  strain  behavior  {!).  Limited  studies  have  been 
done  on  fatigue  behavior  in  environments  as  a  function  of  temperature. 
Composite  materials  present  a  variety  of  complex  problems  in  thermomechanical 
behavior  due  to  differences  in  properties  of  matrix  and  reinforcement. 
Recently  published  work  (2-7)  has  treated  the  case  of  thermal  cycling  of 
composites  consisting  of  elastic  reinforcement  and  a  plastic  matrix  in  order 
to  analyze  the  distribution  of  stress  and  strain,  obtain  expansion  proper¬ 
ties  and  investigate  possible  damage  mechanisms.  Thermal  cycling  will 
obviously  be  important  in  many  elevated  temperature  applications.  It  is, 
therefore,  necessary  to  know  more  about  the  thermal  fatigue  properties  of 
MMCs  and  to  relate  them  to  the  interface  chemistry.  Better  understanding 
of  this  relationship  can  assist  in  improved  composite  design  and  advance¬ 
ment  in  processing  of  composites. 

The  purpose  of  this  investigation  is  to  study  the  interaction  between 
environment  and  the  metal  matrix-fiber  interface  in  MMCs  and  how  this  inter¬ 
action  influences  the  overall  performance  of  the  materials  under  thermal 
cycling. 

A  group  of  the  most  promising  of  the  current  MMCs  are  SiC,  B4C  and 
Borsic  continuous  fibers  in  the  Ti-6A1-4V  titanium  alloy  (8-9).  The  prob¬ 
lems  associated  with  the  interface  are  some  of  the  more  significant  in  the 
potential  application  of  these  MMC  systems. 


Experimental 


Materials 


The  material  used  in  this  study  is  the  SiC  fiber  reinforced  titanium 
t*5  alloy  ( Ti- 6A1-4V )  matrix  composite  system.  Some  of  the  SiC  was  on  a 
graphite  substrate  fiber.  Fiber  volume  fraction  was  nominally  40%.  The 
diameter  of  the  fibers  was  about  150  y.  Four  ply  panels  of  0.033  inches 
iH  cm)  were  used  in  the  mechanical  test.  Tensile  test  and  Auger  elec- 
»r0f,  microscopy  (AES)  specimens  were  cut  from  the  panels  by  electro- 
1  .  *ar<j#  machine  (EDM)  and  polished  1.25  inch  (3.2  cm)  long  by  0.25  inch 
‘  *  or  0.125  inch  (0.32  cm)  wide.  Samples  were  tested  in  both  the 


80 


Experiments 

1.  Isothermal  and  Thermal  Fatigue  Tests.  Specimens  were  either  iso- 
thermally  aged  at  550°C  or  thermally  cycled  between  RT  and  550°C.  The  maxi¬ 
mum  temperature  of  550°C  was  chosen  because  this  approximately  represents 
the  upper  potential  temperature  for  application  of  titanium  matrix  com¬ 
posites.  Heating  was  done  in  the  electrically  heated  alumina  fluidized  bath 
and  cooling  by  removal  of  the  sample  from  the  furnace  combined  with  forced 
air  cooling.  A  complete  cycle  was  12  minutes  with  five  minutes  for  heating 
or  cooling  and  the  remainder  for  transport.  (See  Figure  1.) 


Figure  1  -  Typical  temperature  change  during 
thermal  cycle. 

(5  min  for  heat  or  cool) 

Experiments  were  also  made  on  samples  sealed  in  a  pyrex  glass  tube  in 
the  presence  of  sulfur  vapor  and  in  vacuum.  These  samples  were  also  ther¬ 
mal  fatigued  as  described  above.  The  possibility  of  sulfur  degradation  of 
the  titanium  metal  matrix  composite  was  investigated  to  simulate  an  aggres 
sive  operational  environment  containing  sulfur.  The  oxygen  containing 
environment  was  established  by  cycling  in  air. 

2.  Tensile  Test.  All  mechanical  tensile  tests  were  performed  on  an 
Instron  at  a  cross-head  speed  of  0.5  mm/min.  Titanium  alloy  tabs  were 
glued  to  both  ends  of  the  specimen  to  prevent  premature  fracture  of  the 
specimen.  The  samples  were  smooth  and  unnotched.  A  minimum  of  two  speci¬ 
mens  were  tested  for  each  condition  and  the  results  are  the  average. 


3.  AES  Analysis.  The  MMC  composites  were  fractured  in-si tu  in  a 
vacuum  of  10"  torr  (1.3xl0“8  Pa).  Auger  mapping  of  the  fracture  surface 
was  made  to  see  the  elemental  distributions.  Several  points  on  the  inter¬ 
face  were  selected  for  AES  and  then  the  surface  was  Argon- ion  sputtered  to 
determine  the  depth  profile  of  the  various  elements  at  the  interface. 

Results  and  Discussion 

In  an  air  environment,  the  longitudinal  fracture  strength  was  lower 
for  the  thermal  cycling  specimen  than  for  the  as-received  or  isothermal ly 
aged  specimen  (10).  (See  Figure  2.)  Metallography  shows  a  thicker  inter¬ 
face  reaction  layer  for  thermal  cycling  a  specimen  for  a  ten  day  exposure 
in  air  resulting  in  the  formation  of  an  alpha  case  in  the  titanium  matrix 
tround  the  fibers.  An  effort  was  made  to  minimize  the  composite  degrada¬ 
tion  due  to  long  thermal  treatments  in  air.  The  fracture  morphologies  of 
the  matrix  from  all  conditions  were  similar. 
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Angles  between  fiber  and 
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Figure  2  -  Fracture  strength  vs.  angles 
between  fiber  and  notch  (a)  for  thermal 
fatigued  at  550°C  and  750°C.  (i)  As- 

received;  (1)  TF  550,  10d ;  (2)  TF  750,  lOd. 


The  interface  fracture  mode  showed  differences  in  different  envi¬ 
ronments  and  thermal  conditions  (Fig.  3a,  b,  c).  For  some  cases,  the 
fibers  were  broken  and  the  interface  was  branch- cracked.  The  interface 
was  investigated  by  AES  to  see  how  the  interface  chemistry  is  modified  and 
it  was  found  that  the  oxygen  was  present  over  the  interface  (Fig.  4). 

To  establish  if  there  was  a  variation  in  oxygen  distribution  due  to 
cyclic  or  isothermally  treated  fracture  surfaces,  Auger  mapping  techniques 
were  employed.  It  was  shown  that  oxygen  in  the  specimen  thermal  fatigued 
in  vacuum  was  distributed  throughout  the  fracture  interface  on  the  matrix 
side.  In  the  vacuum  isothermally  treated  case  a  low  oxygen  content  was 
observed  over  the  fracture  surface.  Similar  Auger  maps  were  obtained  for 
samples  thermally  cycled  in  the  air.  Much  higher  concentrations  of  oxygen 


Figure  3(a)  -  As-received  T1-6A1-4V/SCS  (trans¬ 
verse)  SEM  f ractography,  unnotched. 


Figure  3(c).  v  Thermal  cycled  in  sulfur 
environment  T1-6A1-4V/SCS  (longitudinal), 
unnotched . 
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Figure  4  -  AES  sputtering  results  on  matrix 
side  and  fiber-side  interfaces  for  thermal 
fatigued  samples  (550°C-RT,  10  days).  All 
others  include  isothermal  heat  treatment. 
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were  found  in  the  broken  fibers  and  in  some  matrix  areas.  Oxygen  was 
present  on  the  interface  portion  of  the  fracture  surface  for  the  isothermal 
case  but  not  on  the  fracture  surface  through  the  matrix.  It  was  at  lower 
levels  than  for  the  thermal  fatigued  samples.  This  increase  in  fiber  and 
matrix  damage  indicates  that  thermal  cycling  is  much  more  deleterious  than 
isothermal  exposure. 

It  is,  therefore,  concluded  that  the  interface  degradation  is  mainly 
due  to  the  diffusion  of  oxygen  down  the  interface.  Damage  enhanced  diffu¬ 
sion  by  thermal  cycling  is  also  supported  from  the  fact  that  the  oxide 
thickness  of  thermal  cycling  is  larger  than  that  of  isothermal  treatment. 

The  room  temperature  fracture  surface  of  the  transverse  direction 
sample  thermal  fatigued  in  a  sulfur  environment  showed  the  crack  propagated 
along  the  interfaces.  Branch  cracks  into  the  matrix  side  of  the  interface 
were  observed  in  the  presence  of  sulfur.  When  the  extent  of  the  branch 
cracking  is  measured  relative  to  the  free  end  and  compared  to  the  sulfur 
analysis,  it  was  found  that  the  sulfur  rich  area  along  the  interface 
extended  as  far  as  the  branch  cracks.  Those  branch  cracks  were  not  found 
for  isothermally  exposed  specimens  or  for  the  thermal  fatigued  specimens 
beyond  the  sulfur  diffusion  distance. 

To  determine  the  origin  of  the  enhanced  degradation  of  the  interface 
from  thermal  cycling,  the  thermally  induced  stress  state  due  to  the  dif¬ 
ference  of  thermal  expansion  coefficient  between  the  Ti-6A1-4V  matrix  and 
the  SiC  fibers  was  analyzed  as  follows.  A  plane  strain  elasticity  analy¬ 
sis  (11)  that  had  been  derived  earlier  (12)  to  explain  the  matrix  deforma¬ 
tion  due  to  thermal  stresses  is  used  as  a  basis  for  the  model.  The  model, 
shown  in  Fig.  5,  treats  the  fiber  of  radius  a  and  its  surrounding  shell  of 
matrix  of  outer  radius  b  as  an  independent  entity.  The  subscripts  m  and  f 
denote  the  matrix  and  the  fiber  respectively,  v  is  the  poisson's  ratio, 
a  the  coefficient  of  expansion,  E  the  Young's  modulus  and  AT  the  tempera¬ 
ture  cycling  range. 
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Figure  5  -  The  model  of  a  unit  com¬ 
posite  of  a  fiber  and  a  matrix  shell. 

Poritsky's  elastic  solution  gives  the  principal  thermal  stresses  in  the 
matrix  as: 
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The  room  temperature  stresses  due  to  the  thermal  cycling  of  a  Ti-6Al-4V/SiC 
composite  system  between  RT  and  550°C  are  calculated  to  be  or=-56.3  ksi, 
a0=lO1.4  ksi,  and  oz=l02  ksi.  During  thermal  cycling  it  is  the  cooling 
cycle  that  produces  the  major  thermal  fatigue  damage.  The  reason  is  that 
the  cooling  cycle  induces  longitudinal  and  tangential  tensile  stress  in  the 
matrix.  During  the  heating  cycle,  the  stress  states  are  reversed  and  are 
small  due  to  the  elastic  behavior  (Fig.  6). 

From  the  above  argument,  it  is  reasonable  to  propose  that  tensile 
stress  states  are  induced  for  every  cycle  in  the  matrix  side  of  the  inter¬ 
face  whose  magnitudes  are  estimated  from  Poritsky's  elastic  analysis. 

stress 


T=550°  C 
distance 


interface 

Figure  6  -  Schematic  representation  of 
stress  variation  with  temperature  near 
the  interface. 


Cyclic  tensile  stress,  now,  combines  with  environment  to  speed  up  the  forma¬ 
tion  of  oxide  or  sulfide  and  degrade  the  interface. 

To  ensure  a  reproducible  stress  state  during  the  thermal  cycling,  the 
specimen  was  quenched  to  LN2  temperature  for  five  minutes.  From  the  cal¬ 
culation  based  on  thermal  expansion  difference  with  Poritsky's  solution  and 
the  composite  fabrication  temperature  of  800°C  with  no  stress  at  the  inter¬ 
face  at  800°C,  the  room  temperature  interface  stress  was  estimated  and  shown 
in  Fig.  7  (14). 
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Figure  7  -  Effect  of  temperature  on  the 
tensile  yield  strength  of  annealed  Ti-6A1 
-4V  sheet  (dotted)  (14). 

The  diffusion  of  sulfur  can  be  formulated  as  follows.  The  distance 
from  the  end  of  the  specimen  to  the  limit  of  detectable  sulfur  down  the 
interface  is  the  diffusion  distance  of  sulfur  (Fig.  8).  The  sulfur  was 
detected  along  the  interface  using  AES.  The  measured  diffusion  distance 
was  approximately  400p  after  24  hrs  thermal  treatment.  A  diffusion  coef¬ 
ficient  was  estimated  from  the  one- dimensional  diffusion  equation  with  an 
infinite  source  at  the  boundary  (13).  This  gives  a  characteristic  diffu¬ 
sion  distance,  x=vUt.  Diffusivity  was  then  calculated  to  be  on  the  order 
of  10-8  cm2/sec  implying  interfacial  diffusion.  In  the  isothermal  experi¬ 
ment  with  the  sulfur  environment  at  temperature  for  four  times  the  tempera¬ 
ture  period  in  the  thermal  fatigued  case  much  less  S  is  diffused  down  the 
boundary  as  shown  in  Fig.  9.  SEM  fractography  also  confirms  the  sulfur 
effect  by  showing  the  branch  cracks.  The  branch  cracks  extend  an  equiva¬ 
lent  distance  to  the  AES  sulfur  detection  distance  as  discussed  earlier. 

When  the  sulfur  analysis  was  made  its  concentration  decreases  mono- 
tonically  as  the  distance  from  the  edge.  The  plot  of  logarithm  of  sulfur 
concentration  vs.  distance  gave  a  straight  fitting,  shown  in  Fig.  10  and 
the  following  expression  is  appropriate. 

AnCs  =  kx 

This  is  the  expression  for  diffusion  in  a  semi -infinite  medium,  x>0,  when 
the  boundary  is  kept  at  a  constant  concentration  and  the  initial  concen¬ 
tration  throuahout  the  medium  is  ?ern. 


Figure  8  -  Thermal  cycled  in  sulfur  environment 
Ti-6Al-4Y/SCS  (transverse)  for  one  day;  magnified 
the  cracks  from  thermal  fatigue,  unnotched. 
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Figure  9  -  AES  analysis  of  sulfur  along  the 
matrix-side  interface. 
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Figure  10  -  Logarithmic  fitting  of  sulfur  con¬ 
centration  along  th matrix  side  interface. 


More  rigorous  analysis  is  now  in  progress.  In  the  literature,  no 
quantitative  analysis  of  the  thermal  cycling  and  its  effect  on  the  inter¬ 
face  damage  in  the  MMC  system  is  available. 


Conclusions 

Interface  degradation  from  thermal  cycling  in  the  environments  such  as 
vacuum,  air  and  sulfur  was  investigated  using  SEM  fractography  and  AES. 

SEM  fractography  shows  that  thermal  fatigued  specimens  produce  more  damage 
to  the  fiber  interface  than  isothermally  treated  specimens.  Liquid  nitro¬ 
gen  treatment  before  thermal  treatment  gave  a  consistent  result  due  to  the 
reproducibility  of  the  initial  condition  of  the  samples.  Based  on  an 
elastic  solution,  the  interface  stress  was  estimated  and  at  room  tempera¬ 
ture,  the  stress  state  was  tensile  with  a  value  of  approximately  100  ksi 
after  thermal  cycling  between  550°C  and  RT.  From  the  sulfur  environment 
experiments,  the  interface  diffusion  coefficient  was  found  to  be  about 
10-8  cmz/sec  and  the  sulfur  concentration  vs.  distance  is  expressed  as 
JlnC  =  kx. 
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Abstracts 


The  fatigue  crack  growth  (FCG )  behavior  of  Sic  and  B  C/B 

4 

reinforced  Ti-6Al-4V  metal  matrix  composites  loaded  in  the 
transverse  direction  as  a  function  of  modifications  of  the  interface 
between  the  fiber  and  matrix  was  studied.  The  interface  chemistry, 
modified  by  sulfur  diffusion  during  thermal  cycling  treatment, 
changed  the  FCG  in  air,  dry  an<^  hydrogen  environments  when 
compared  with  the  as-received  specimens. 

The  FCG  rates  tend  to  be  higher  in  humid  environment.  The  SEM 
fractography  indicates  that  the  FCG  in  humid  air  was  by  an  increased 
amount  of  fiber  splitting.  The  FCG  in  dry  environment  was  more 
often  by  interface  debonding  with  some  fiber  splitting  and  fiber 
fracture.  The  FCG  rates  in  dry  hydrogen  for  both  as -received  and 
heat  treated  specimens  were  intermediate  between  the  observed  rates 
for  dry  N  and  humid  air. 

During  FCG  in  lab  air,  the  sulfur  enriched  interface  of  the 
specimens  thermal  cycled  in  a  sulfur  environment  reacts  with  the 
humidity  in  air  to  degrade  the  interface  cohesion  resulting  in 
complete  separation  of  the  interface  from  the  matrix  and  the  fiber 
at  low  strains.  This  inability  of  the  interface  to  sustain  any  strain 
further  increases  the  FCG  rates  in  the  matrix.  The  results  demonstrate 
the  interface  does  transfer  load  during  fatigue  cycling  in  either 
an  inert  environment  or  if  the  interface  has  a  minimal  amount  of 
impurities. 


Introduction 


The  fatigue  behavior  of  metal  matrix  composites  (MMCs)  differs 

from  that  of  unreinforced  metals  in  several  ways.  MMCs  exhibit 

various  failure  modes  such  as  debonding  of  the  interface  between 

the  fiber  and  the  metal  matrix,  fiber  splitting,  fiber  fracture, 

matrix  fracture,  which  occur  independently  or  interdependently . 

Because  of  their  high  strength  to  weight  ratio,  high  modulus 

and  toughness,  titanium  MMCs  have  long  been  considered  for  applications 

in  dynamic  structures.  However,  like  other  MMCs  titanium  MMCs  are 

characterized  by  anisotropy,  heterogeneity  and  interface.  Tensile 

properties  of  titanium  MMCs  reinforced  with  contiguous  Sic,  Borsic 

1-3 

and  B.C/B  fibers  have  been  studied  and  the  results  indicated 

4 

that  the  mechanical  properties  are  dependent  on  the  interface  or  the 

reaction  zone  between  the  fiber  and  the  metal  matrix. 

In  this  study,  various  experiments  were  performed  to  study  the  effect 

of  temperature  and  other  enviro  nments  on  the  interfaces  and  the 

mechanical  properties  of  the  titanium  metal  matrix  composites  reinforced 

with  SiC  and  B  c/b  fibers. 

4 

The  mechanical  properties  studied  are  transverse  loading  residual 
strength  after  thermal  exposure  and  fatigue  crack  growth  (FCG) 

under  Mode  I  loading  after  thermal  treatment.  The  condition 
of  the  matrix-fiber  interface  as  a  function  of  the  above  treatments 
was  characterized  with  both  scanning  Auger  microscopy  (SAM)  and 
scanning  electron  microscopy  (SEM) .  The  fiber  interface  chemistries 
were  modified  by  thermal  treatment  in  oxygen  and  sulfur  bearing 
environments . 


Experimental 


Materials 

The  metal  matrix  composite  (MMC)  systems  used  in  this  study  were 
SiC  or  B^C/B  continuous  fiber  in  a  Ti-6A1-4V  alloy  matrix. 

The  composite  panel  was  four  ply#  approximately  0.84  mm  thick. 

The  composite  has  a  fiber  volume  fraction  of  about  40  %  with 
a  diameter  of  150  fJm.  Detailed  specimen  preparation  appears  in 
Ref.  4. 

Heat  Treatments 

With  the  intention  of  studying  the  effect  of  a  modified  interface 

on  the  fatigue  behavior  and  failure  modes  of  the  titanium  MMCs, 

heat  treatment  in  the  sulfur  environment  was  employed.  Specimens 

o 

were  thermal  cycled  in  a  sulfur  rich  atmosphere  between  25  c  and 

o  4 

550  C  in  a  fluidized  bath  furnace  filled  with  alumina  particles  . 

An  automatic  timing  device  was  used  to  maintain  heating  and  cooling 

periods  of  five  minutes  at  each  temperature.  All  specimens  were 

placed  in  pyrex  tubes  with  dry  powder  sulfur,  evacuated  to  a 
-5 

pressure  of  10  torr  and  sealed.  Thermal  cycling  was  carried  out 

4 

for  a  period  of  84  hrs.  for  a  long  sulfur  diffusion  distance  . 

Fatigue  crack  Growth  (FCG)  Testing 

All  FCG  testing  was  performed  on  transverse  specimens.  Edge 

notched  specimens  with  an  initial  notch  length,  the  specimen  width 
and  the  specimen  length  of  6,  25  and  62.5  mm,  respectively 
were  used.  Aluminum  doublers  were  glued  at  the  ends  using  an 
epoxy  glue  to  prevent  load  point  failure.  Fatigue  cycling  was 
performed  on  an  MTS  closed  loop  electrohydraulic  system  in  the 
tension-tension  mode,  between  20  lb  and  200  lb  at  a  frequency 
of  2  Hz.  Fatigue  crack  growth  was  monitored 


visually  with  the  aid  of  several  equidistant  vertical  lines  normal 
to  the  notch  inscribed  on  the  specimen  surface.  Stress  intensity 
calculations  showed  the  thickness  requirements  for  the  plane 
strain  FCG  testing,  as  specified  in  the  ASTM  Standards  ,  could 

\c 

only  be  satisfied  up  to  a  K  value  of  11  MPa (m)  .  Actual  K  values 

k 

ranged  from  about  0.9  to  27  MPa (m)  with  a  load  ratio  of  0.1. 


The  first  set  of  experiments  was  performed  on  both  as-received 
and  heat  treated  transverse  specimens  in  laboratory  air  of 
approximately  50  %  R.H.  In  addition,  to  study  the  effects  of  gaseous 
environments  on  the  FCG,  experiments  were  also  performed  in 
atmospheres  of  dry  nitrogen  and  dry  hydrogen.  For  this  purpose, 
a  high  vacuum  system  (sorption  and  ion  pumps)  connected  to  an 


environment  chamber  was  employed.  The  chamber  was  evacuated  to 
5  x  10  Pa  (  4  x  10  ^  torr)  and  backfilled  with  the  gas  of  interest 


Finally,  all  the  fatigue  fractured  surfaces  were  viewed  in 
a  JEOL  35  SEM  to  determine  the  failure  paths  and  mechanisms  and 
the  effects  of  interface  modification  and  gaseous  environments  on 
the  failure  mode.  Multiple  specimens  were  run  in  each  set  of 
experiments  to  permit  duplication  of  results. 


The  first  set  of  experiments  was  carried  out  on  both 
as-received  and  thermal  cycled  SiC/Ti-6Al-4V  specimens  in  lab 
air  of  50  %  R.H.  It  was  observed  that  the  rate  of  crack  growth 
in  the  heat  treated  specimens  exceeded  that  of  the  as-received 
specimens  slightly,  indicating  that  the  thermal  cycling  in 
sulfur  environment  may  be  instrumental  in  degrading  the  fatigue 
resistance.  The  as-received  specimen  showed  the  presence  of  both 
fiber  splitting  and  inter facial  debonding  while  the  heat  treated 
specimens  exhibited  only  inter facial  debonding.  These  observed 
fracture  modes  are  in  agreement  with  Mahulikar's5  results  for 
Borsic/Ti-6Al-4V  composites,  where  he  noticed  a  transition  from 
fiber  splitting  for  the  as-received  condition  to  interfacial 
splitting  for  the  heat  treated  condition. 

To  investigate  the  effect  of  different  gaseous  environments  on 
the  FCG  and  failure  mode,  room  temperature  experiments  were 
performed  in  dry  N2  gas.  Both  the  as-received  and  thermal  cycled 
specimens  showed  considerably  lower  FCG  rates  in  N2  than  in 
humid  air  (Figs.  1  and  2).  This  observation  indicates  that  it  is 
the  reaction  of  sulfur. with  humid  air,  more  than  likely  the 
dissociated  hydrogen, that  results  in  further  degradation  of  the 
fiber  matrix  interface  andconsequent  reduction  in  fatigue 
crack  growth  resistance.  The  presence  of  an  inert  atmosphere 

such  as  nitrogen  renders  the  sulfur  from  the  thermal  cycling 
treatment  relatively  ineffective  in  increasing  the  FCG  rates  (Fig.  2) 
Fractography  on  both  sets  of  fracture  surfaces  revealed  the 
presence  of  fiber  splitting.  This  is  in  contrast  to  Mahulikar's5 
results  for  Borsic/Ti-6Al-4V  where  fiber  splitting  was  seen  only 
in  humid  air.  The  difference  can  be  attributed  to  better  fiber 
matrix  bonding  in  the  Sic  composites  or  that  the  SiC  are  more 
brittle  than  the  Borsic  fibers,  causing  fiber  splitting  in 
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preference  to  debonding  from  the  matrix. 

The  third  set  of  experiments  was  performed  in  dry  gaseous 
to  evaluate  the  hydrogen  effect.  The  FCG  rates  of  both  the  as -received 
and  thermal  cycled  specimens  were  intermediate  between  the 
observed  rates  for  dry  N2  and  humid  air.  (Figs.  1  and  2). 

The  heat  treated  specimens  slightly  exceeded  that  of  the  as-received. 
Fractography  revealed  the  presence  of  some  fiber  splitting  in  each 
case,  which  can  be  explained  by  reasoning  similar  to  the  dry  N2  case. 

In  all  cases  the  fiber  direction  along  the  interface  or 
through  the  split  fibers  was  found  to  be  the  least  resistant  path 
for  the  FCG  in  the  transverse  specimens,  in  the  case  of  mixed  mode 
loading5,  the  FCG  was  in  the  direction  of  the  fiber,  indicating 
that  the  direction  of  the  fiber-matrix  interface  was  the  least 
resistant  path  for  crack  propagation. 


FCG  for  B ,C/B/Ti-6Al~4V  Composites 

Figure  3  shows  the  results  for  the  FCG  tests  in  a  transverse 

direction  for  as-received  B^C/B/Ti-6Al-4V  specimens  and  then 

cyclically  loaded  at  a  load  ratio  of  0.1,  in  lab  air  and  in 

gaseous  nitrogen.  FCG  data  for  the  annealed  Ti-6Al-4V  alloy  in 

air  is  also  included  for  comparison.  The  FCG  of  Ti-6Al-4V  alloy 

in  air  and  inert  dry  argon  at  room  temperature  yield  almost 

7 

identical  cyclic  crack  growth  rates  . 

When  the  data  are  presented  in  a  da/dN  vs.  4K  plot,  as  shown 
in  Fig.  3  it  is  clear  that  the  stage  II  FCG  of  the  composites  along 
with  a  Ti-6Al-4V  alloy  can  be  expressed  by  Paris'  law 

da/dN  of  4Km 


The  slope  (m)  is  identical  for  the  Ti-6A1-4V  alloy  and  the  composites 


tested  in  the  transverse  direction.  The  results  for  composites  show 
little  difference  in  PCG  between  this  study  and  Mahulikar's  . 

The  fractography,  shown  in  Fig.  4,  indicates  that  the  FCG  in  humid 
air  was  by  an  increased  amount  of  fiber  splitting  as  reported  here 
and  from  Mahulikar's5.  FCG  in  dry  N2 environment,  on  the  other  hand, 
was  more  often  by  interface  debonding  with  some  fiber  splitting 
and  fiber  fracture  (Fig.  5) 

Specimens  thermal  cycled  in  sulfur  show  higher  FCG  rates  in  lab 
air  than  the  as-received  sulfur  free  specimens.  The  slope  (m)  is 
greater  for  those  specimens .  When  sulfur  is  at  the  interface 
following  thermal  cycling  in  the  sulfur  environment,  the  FCG  rate 
in  humid  air  increases  and  is  accompanied  by  interface  debonding. 

SEM  fractography  in  Fig.  6  shows  well-defined  interface  debonding. 

The  FCG  results  for  the  samples  thermal  cycled  in  a  sulfur 
environment  and  tested  in  dry  N2  gas  indicated  a  slight  decrease 
in  growth  rate  with  the  same  slope  as  the  dry  N2  FCG  rates  of  the 
as-received  specimens.  The  fractography  of  N  tested  sulfur 
enriched  B4C/B/Ti-6Al-4V  composites,  shown  in  Fig.  7,  shows  fractare 
modes  such  as  fiber  splitting,  fiber  fracture  and  matrix  fracture 
similar  to  those,  for  FCG  in  N2  of  as-received  specimens.  This 
similar  fracture  mode  correlates  with  the  similar  value  of  m  with 
the  as -received  specimen. 

When  4K  is  normalized  using  the  rule  of  mixtures  with  the 

elastic  modulus  of  the  respective  materials  (  E  . ^  =  140  GPa 

g  g  composite 

(20x10  psi) ,  E  .=  116  GPa  (16.8x10  psi) )  to  have  comparable  crack 
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opening  displacement  (COD)  ,  the  composite  FCG  is  even  greater  than  * 
that  of  Ti-6Al-4V  matrix  with  the  slopes  (m)  virtually  unchanged, 
as  shown  in  Fig.  8.  The  fiber  directions  along  the  interface  or 
through  split  fibers  are  the  least  resistant  path  for  the  transverse  FCG 
This  can  be  explained  that  the  brittle  fiber  and  interface  is  not  carry 
ing  much  of  the  stress,  if  it  is  assumed  that  all  the  cyclic  stress 
and  COD  are  accommodated  by  the  matrix  material  the  equivalent  AK/E 
would  translate  the  results  to  closely  match  the  Ti-6Al-4V  results 


with  the  exception  of  the  sulfur/humid  air  measurements.  The  amount 

of  translation  of  AK.  will  be  1.74k  . .  since  the  load  is  carried 

tr  composite 

by  matrix  with  a  volume  fraction  of  60  %  for  the  transverse  specimen 
(Fig.  9) . 

The  sulfur  enriched  interface  of  the  specimen  thermal  cycled  in 
sulfur  reacts  with  the  humidity  in  the  air  during  FCG  in  lab  air  to 
degrade  the  interface  cohesion  resulting  in  complete  separation  of 
the  interface  between  the  matrix  and  the  fiber  at  low  strains. 

This  inability  of  the  interface  to  sustain  any  significant  strain 
further  increases  the  fatigue  crack  growth  rate  in  the  matrix.  The 
increase  in  the  value  of  the  slope  may  be  due  to  the  degradation  of 
the  interface  by  titanium  sulfides  creating  a  volume  of  brittle 
materials. 


A  Model  of  the  Failure  Mechanism  for  the  Transverse  FCG. 

The  results  presented  here  demonstrate  that  the  interface  between 
the  matrix  and  the  fiber  does  transfer  load  during  fatigue  cycling 
in  either  an  inert  environment  or  if  the  i  nterface  has  a  minimal 
amount  of  impurities.  On  the  basis  of  the  results  of  the  experiments 
described  above,  a  model  for  the  failure  mechanism  for  the  FCG  of  the 
transverse  titanium  MMCs  can  be  proposed.  The  model  is  schematically 
shown  in  Fig.  10.  Only  the  matrix  deforms  plastically.  Due  to  the  high 
degree  of  anisotropy  for  the  MMCs,  the  plastic  zones  are  elongated  in 
the  direction  of  the  fibers.  Thus  the  fibers  in  front  of  a  sharp  crack 
can  be  assumed  to  be  surrounded  by  a  plastic  sheath  of  the  matrix. 

During  cycling  loading  of  as-received  materials  in  humid  air,  the 
matrix  plastically  deformed  under  tension  closes  over  the  fibers  which 
do  not  deform  plastically  ( £ ^ iber=  °) •  When  the  interface  transfers  the 
load  the  fibers  split  as  described  earlier  (Fig.  10) . 

In  the  case  of  the  sulfur  enriched  specimen,  fatigue  cycling 
in  humid  air  reduced  the  cohesion  of  the  interface  due  to  hydrogen- 
sulfur  interactions.  The  stress  is  then  totally  carried  by  the  matrix 
and  necking  forms  in  the  matrix  along  side  of  the  interface  between 


between  the  two  adjacent  fibers.  This  could  be  initiated  from  the 
rough  crack  surface  due  to  the  interaction  of  the  titanium  sulfide 
and  the  humidity  in  air.  Such  rough  surfaces  come  from  the  radial 
and  branch  cracks,  as  shown  in  Fig.  11.  The  fracture  mode  in  the 
vicinity  of  the  fibers  is  totally  interface  debonding  and  the 
fibers  are  undamaged  as  shown  in  Fig.  6. 


Summary  and  Conclusion 

The  effect  on  the  fatigue  crack  growth  (FCG)  behavior  of  the 
SiC  and  B^C/B  reinforced  Ti-6Al-4V  metal  matrix  composites  (MMCs)  by 
the  modification  of  the  interface  between  the  fiber  and  the  matrix 
by  isothermal  and  thermal  cycled  treatments  was  studied.  The  thermal 
cycling  and  isothermal  treatments  were  carried  out  in  environments 
of  air,  sulfur  and  vacuum. 

The  FCG  results  demonstrated  that  the  interface  transferred  the 
load  during  fatigue  cycling  in  either  an  inert  environment  or  if  the 
interface  has  a  minimal  amount  of  impurities.  In  the  case  of  the 
sulfur  enriched  interface,  the  humid  air  FCG  environment  reduced 
the  cohesion  of  the  interface  resulting  in  the  applied  load  being 
totally  carried  by  the  matrix.  This  led  to  an  increased  FCG  rate 
with  a  higher  value  of  the  Paris  exponent  (m) .  Without  the 
enhanced  sulfur  at  the  interface  the  Paris  exponent  remained  constant 
although  the  FCG  rate  nominally  increased  in  humid  air  environment. 

The  nonenvironmental  FCG  rate  change  is  largely  explainable  in 
terms  of  the  volume  fraction  of  the  matrix  relative  to  FCG  of  the 
monolithic  Ti-6Al-4v  matrix  material. 
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Fig.  3.  Transverse  FCG  rates  for  B4C/B/Ti-6Al-4v  thermal 

cycled  in  sulfur  compared  with  the  initial  condition 
and  Ti-6A1-4V  plate. 
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Fig.  lo  A  model  for  FCG  fracture  modes  in  lab  air; 

(a)  in  as-received;  (b)  thermal  cycled  con 
ditions. 
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Abstracts 


This  paper  reports  results  of  the  interface  modifications  due  to 
thermal  cycling  treatments  between  room  temperature  and  550°C  and  iso¬ 
thermal  treatments  at  550°C  in/gaseous  sulfur  and  air  environments. 

The  interaction  between  the  sulfur  environment  and  the  titanium  metal 
matrix  (Ti-6Al-4V)/SiC  and  B^C/B  fiber  interface  was  evaluated  in  terms 
of  interface  diffusion.  The  diffusion  down  the  interface  v/as  enhanced 

under  the  thermal  cycling  conditions.  The  550°C  sulfur  interface  dif- 

•  _g  2 

fusion  coefficient  was  found  to  be  5x10  cm  /sec  for  the  SiC  com- 
-9  2 

posites  and  7x10  cm  /sec  for  the  interface  diffusion  in  B,C/B  com¬ 
posites. 

In  addition  to  the  diffusion  down  the  interface,  diffusion  into 
the  matrix  v/as  studied  with  combined  scanning  Auger  microscopy 
and  inert  ion  sputtering.  The  rapid  diffusion  down  the  boundary  was 
separated  from  the  slow  diffusion  into  the  bulk  resulting  in  two  one¬ 
dimensional  analyses.  The  sulfur  diffusion  down  the  interface  was 
much  larger  than  that  into  the  bulk,  a  10^  difference  in  diffusion 
distance. 


•  •• .  •  .•<  .• 
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Introduction 


Unidirectionally  reinforced  metal  matrix  composites  (MMCs) 

have  genereted  a  considerable  amount  of  interest  in  the  materials 

field  because  of  their  potential  applications  in  dynamic 

structures.  Ultra-high  strength  metals  cannot  supply  the  improved 

high  strength,  rigidity,  light  weight  and  heat  resistant  properties 

that  are  increasingly  being  required.  A  metal  matrix  composite 

system  (MMC)  carries  certain  potential  advantages  over  other 

non-metal  containing  composite  systems.  High  strength,  modulus, 

toughness,  reproducibility  of  properties,  surface  durability  and 

low  notch  sensitivity  when  compared  to  non-metal  matrix  composites 

are  just  a  few  of  these  potential  advantages.  The  MMC  systems  are 

characterised  by  heterogeneity,  anisotropy,  strengthening  by  load 

transfer  and  interfaces.  In  order  for  the  full  potential  of  these 

systems  to  be  used,  a  better  understanding  of  the  above-mentioned 

effects  must  be  acquired. 

1-4 

Studies  have  been  done  to  obtain  tensile,  toughness  and 
fatigue  properties  of  various  MMC  systems.  Limited  studies5 
have  been  done  on  the  interface  between  the  metal  matrix  and  the 
fiber  in  environments  as  a  function  of  temperature.  Composite 
materials  present  a  variety  of  complex  problems  in 
thermomechanical  behavior  due  to  differences  in  properties  of 
matrix  and  fibers.  Recent  work6  has  treated  the  case  of  thermal 
cycling  of  composites  consisting  of  elastic  fibers  and  a  metal 
matrix  in  order  to  analyze  the  distribution  of  stress  and  strain, 
obtain  expansion  properties  and  investigate  possible  damage 
mechanisms.  'Thermal  cycling  in  various  environments  will  obviously 
be  important  in  many  elevated  temperature  applications.  It  is, 
therefore,  necessary  to  know  more  about  the  thermal  fatigue 
properties  of  MMCs  and  to  relate  them  to  the  nature  of  the  interface 


Better  understanding  of  this  relationship  can  assist  in  improved 
composite  design  and  advancement  in  processing  of  composites. 

The  purpose  of  this  investigation  is  to  study  the 
interaction  between  environment  and  the  metal  matrix-fiber 
interface  in  titanium  MMCs  and  the  diffusion  behavior  of  the 
environmental  elements  under  thermal  cycling  and  isothermal 
treatment  conditions. 


Experimental  Materials 


The  metal  matrix  composite  (MMC)  systems  used  in  this  study 

were  40  %  by  volume  of  SiC  or  B  C/B  continuous  fibers  (diameter  of 

4 

150 jum)  in  a  Ti-6Al-4V  alloy  matrix.  The  composite  panel  was 
four  ply,  approximately  0.84  mm  thick.  The  samoles  were  evaluated 
in  the  as-received  conations  and  after  the  thermal  cycling  for 
various  time  over  the  temperature  ranges  of  room  temperature  to 
480,  530  and  590°C,  or  480,  510  and  540°C. 


Experimental  Evaluation  of  the  Interface  Chemistry 


In  order  to  investigate  the  chemistry  of  the  interface 

between  the  matrix  and  the  fiber  the  Physical  Electronics  590 

scanning  Auger  microscopy  (SAM)  operating  at  a  base  vacuum  of 
—8  —10 

2.6  x  10  Pa  (2  x  10  torr)  was  used. 

The  specimens  were  fractured  in-si tu  in  the  vacuum  chamber 

and  several  points  in  the  fracture  surface  were  selected,  both 

on  the  matrix  and  on  the  fiber  side  of  the  fractured  interface. 

The  selected  points  were  then  argon  ion  sputtered  to  determine 

the  sputtered  depth  profiles  for  the  elements  identified  at  the 

boundary.  Auger  profiles  for  the  sputtered  select  points  were 

recorded  and  analyzed.  The  sputtering  was  done  by  3  KeV  argon 

ion  at  24  mA  ion  current  with  a  raster  size  of  2  mm  x  2  mm  and 
-5  -7 

at  3.3  x  lu  Pa  (2.5  x  10  torr)  pressure  in  the  sample  chamber. 

The  sputter  depths  were  calculated  by  comparison  with  standard 

sputtering  rates  for  titanium  oxide  which  sputtered  at  approximately 

_8 

2  nm/min  (8  x  10  in/min)  for  the  sputtering  parameters  used. 

Using  the  combined  Auger  and  sputtering  data,  diffusion  and 

kinetics  studies  were  made  for  the  specimens  thermal  cycled  in 

the  air  and  in  the  sulfur  environments  and  for  samples  isothermally 

aged.  The  points  were  chosen  from  the  exposed  edge  of  the  specimen 

into  the  interior  of  the  specimen  on  the  matrix  and  fiber  sides  of  the 

interface.  This  allowed  the  interface  diffusion  kinetics  to  be 
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determined.  The  Auger  data  was  quantified  using  the  method 
described  in  the  Appendix  A. 


Interface  Diffusion  Analysis 


One-dimensional  Diffusion  Analysis 


The  sulfur  peak-to-peak  height  on  the  matrix  side  of  the 


interface  vs.  distance  from  the  end  of  the  specimen  for 
SiC/Ti-6Al-4V  composites  is  plotted  in  Fig.  1.  As  discussed  in 


Appendix  A  oeak-to-Deak  (p/p)  height,  S  (z)  should  be 

s  9 t 

converted  to  true  concentration,  C  (z)  ^  Since  the  sputtering 

s  at  y=0 

was  carried  out  at  only  one  location  into  the  bulk,  that  is,  at  z  * 


z^,  the  concentrations  along  the  interface  were  obtained  from  the 
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calculations  using  elementary  sensitivity  factors  .  All  orofiles 


show  ever  decreasing  amounts  of  sulfur  toward  the  inside  of  the 
specimen.  The  orofile  of  the  specimen  thermal  cycled  for  one  day 
shows  a  high  concentration  of  sulfur  near  the  end  of  the  specimen. 


The  plot  of  the  logarithm  of  sulfur  concentration  vs.  distance 
displayed  a  linear  dependence  of  the  data  for  the  thermal  cycled 
specimens  as  shown  in  Fig.  2.  Therefore,  the  experimental 
results  can  be  expressed  as 


In  S  =  kz,  (1) 

s 

where  S  is  the  concentration  of  sulfur  in  the  interface,  z  diffusion 
s 

distance  and  k  the  proportionality  constant.  When  the  concentration 
of  oxygen  from  samples  thermal  cycled  in  air  is  nlotted  as 
logarithm  S  against  the  distance  from  the  end,  the  results 


show  a  similar  trend.  Fig.  3  shows  the  combined  results  from 


sulfur  and  oxygen  experiments.  The  slope  is  steeper  for  the 
sulfur  environment,  indicating  enhanced  sulfur  reaction  which  is 
expected  due  to  the  higher  vapor  pressure  and  corresponding  activity 
in  the  sealed  oyrex  tube,  about  3.9  atm,  at  the  maximum  cycling 
temperature  of  550°C.  It  is  also  noted  that  the  diffusion 
rate  of  sulfur  associated  with  thermal  cycling  is  higher  for  the 
SiC  fiber  composite  when  compared  with  the  B^c/B  fiber  composite 
results . 

The  characteristic  diffusion  coefficient  of  sulfur  down  the 

interface  was  estimated  based  on  the  diffusion  problem  for  a 
.  .  14 

semi-infinite  solid  .  In  this  case  the  solution  will  have 

the  form 

Ss(z,t)  =  Sg  at  z=0  (  1  -  erf  (z/2  (Dt)  **) )  .  (2) 

The  diffusion  distance  of  sulfur  is  defined  as  the  distance  from 
the  end  of  the  specimen  to  the  location  where  the  sulfur 
concentration  drops  to  half  the  initial  concentration15. 

From  Fig.  2,  the  diffusion  distance  is,  then,  140  fx m  from  the 
end  of  the  free  surface. 


Again,  -  =  |i  -  erf  (  z/2(Dt)2)J. 


Then  erf ( z/2(Dt)2 )  =  1, 


Therefore , 


z  .  i 

t~  =  0.477,  giving  z  ^  (Dt)'-, 


2(Dt) 


,  4 

With  z  =  140  /Km  and  t  =  4.3  x  10  sec,  D  is  calculated  to  be 

—9  2  o 

5  x  10  cm  /sec  at  a  maximum  temperature  of  550  C  during  thermal 

cycling  for  SiC/Ti-6Al-4V  composite.  The  oxygen  diffusivity  was 


also  calculated,  based  on  the  same  argument,  to  be  7  x  10  cm  /sec 

for  B  C/B/Ti-6Al-4V  composite  having  z  =  170  /«  m.  The  bulk 

4  -14  2  1 

diffusion  coefficient  of  oxygen  in  titanium  is  about  10  cm  /sec 

SEM  fractography  shows  the  presence  of  branch  cracks  on  the 

matrix  side  of  the  interface.  The  branch  cracks  extend  an 

equivalent  distance  to  the  AES  sulfur  detection  distance  (Fig.  4) . 

This  implies  that  the  interface  cracking  normal  to  the  Drooagating 

main  crack  is  associated  with  the  thin  but  finite  sulfide  layer  at 

the  interface  as  well  as  the  sulfur  enriched  matrix. 


Two-dimensional  Diffusion  Analysis 


In  the  last  section,  the  diffusion  phenomena  was  considered 
as  a  unidirectional  flow  of  sulfur  through  the  interface  from  the 
end  of  the  specimen.  The  resultant  diffusion  expression  was  the 
logarithm  of  sulfur  concentration  at  the  interface  proportional 
to  the  diffusion  distance  measured  from  the  end  of  the  specimen. 

On  the  other  hand,  the  sulfur  diffuses  into  the  titanium  matrix 
bulk  normal  to  the  interface.  Therefore,  the  problem  is  a 
two-dimensional  diffusion  of  sulfur. 

The  interface  is  considered  to  be  a  thin  layer  of  high 
diffusivity  area  between  the  titanium  matrix  and  the  fiber. 

The  problem  is  to  determine  the  concentration  of  solute  in 
a  semi-infinite  solid  having  a  semi-infinite  slab  as  the 
interface  of  highly  permeable  material  imbedded  in  it.  The  analysis 
in  the  z-direction  (along  the  interface)  was  made  by  getting 
Auger  spectrum  on  several  points  selected  along  the  interface. 

The  y-direction  was  made  by  argon  ion  sputtering  one  of  select 
points  (  at  150  /Um  from  the  end  of  the  specimen)  into  the  matrix. 

The  diffusion  profiles  of  the  solute  from  AES  analysis 

indicate  that  the  bulk  diffusion  is  small  compared  to  the  diffusion 

on  the  interface.  The  results  of  the  sputtering  by  argon  ion 

show  that  the  sulfur  diffused  into  the  bulk  only  up  to  4  nm 

for  a  one  day  thermal  cycling.  The  solute  diffuses  up  to  400  fim 

down  the  interface  for  the  same  period  of  thermal  cycling,  a 

105  difference  in  the  diffusion  distance.  This  confirms  that  the 

interface  is  in  high  energy  state  which  provides  high  mobility 

of  the  environmental  elements.  Under  these  conditions,  the  grain 

17 

boundary  diffusion  equation  proposed  by  Fisher  can  be  applied 
to  the  present  interface  diffusion  of  sulfur  in  the  environment 
in  the  titanium  MMCs. 

Consider  the  interface  to  be  a  thin  layer  of  high  diffusivity 
area  between  the  titanium  matrix  and  the  B^C/B  fiber.  The  interface 


can  be  considered  to  be  approximately  a  plane  ignoring  the 
curvature  effects  of  the  150  ^im  fiber  diameter.  The  model  system 
is  shown  in  Fig.  5.  The  problem  is  to  determine  the  concentration 
of  sulfur  in  a  semi-infinite  solid  having  a  semi-infinite  slab 
as  the  interface  of  highly  permeable  material  imbedded  in  it. 

The  boundary  conditions  are: 

C  =  C  for  z=0  and  T 

S  (3) 


C  =  0  for  z^O  at  t  =  0 


Following  Fisher's  analysis  ,  the  differential  equation  which 
is  valid  inside  the  interface  slab  can  be  obtained.  Consider  an 
element  of  the  slab  which  is  dz  long  by  thick  by  unit  length 
deep.  The  fluxes  into,  or  out  of,  the  faces  normal  to  the  y  and 
z  axes  are  shown  in  Fig.  5.  Any  plane  normal  to  the  x-axis  is  a 
symmetry  plane,  so  would  be  equal  to  zero.  Then, 


ac/at  -  (i/dBl)(l(Jz-Jz-OV9z)dz)  '  2dzV 

3C/3t  =  -3Jz/3z  -  (2/$)Jy 


(4) 


Jy  is  the  flux  out  of  the  interface  into  the  bulk  and  can  be  replaced 
by  -Db(3C/3y)  with  the  gradient  evaluated  in  the  bulk  just  outside 
the  interface  slab.  An  expression  for  Jz  can  be  obtained  if  an  inter¬ 
face  diffusion  coefficient  Di  is  defined  by  the  equation 


J 


z 


(5) 


Then, 


3C  _  „  32C 
“  =  “l  3Z2 


2D, 


?  s  '3v;v=* 


5  v3y'y=£ory=0 


(6) 


Outside  the  interface,  diffusion  would  obey  the  equation 


The  approximate  solution  of  equations  6  and  7  is  obtained  as 
follows  based  on  several  experimental  observations.  The  interface 
concentrations,  at  some  point,  as  measured  after  two  different 
aging  times  were  within  20  %  difference  during  the  thermal 
cycling  treatment  (Fig.  6).  It  was  also  observed  that  the  diffusion 
of  sulfur  into  the  bulk  was  very  slow. 

It  can  then  be  assumed  that  the  interface  concentration,  C^(y), 
is  imposed  on  each  slice  at  the  slab  not  too  far  from  the  free  sur¬ 
face  and  held  constant  for  the  duration  of  the  heat  treatment.  It  is 
also  assumed  that  the  flux  of  solute  in  the  bulk  is  normal  to  the  j 

interface  slab.  Then  the  system  can  be  replaced  with  a  series  of  j 

i1 

slices  normal  to  the  z-axis  of  thickness  dz.  I 

The  concentration  in  each  slice  is  then  given  by  the  equation,  j 

C(y,z,t)  =  C^z)  [1  -  erffy^Dt)5*)] 


On  integration  by  connecting  the  points  of  equal  concentration  in 
this  "sliced"  model. 


C,(z)  =  C exp  [ 


-zJl 


- ZJrl± - ] 

(^t)?s(|D./Db)!5 


Giving 


C(y,z,t)  =  C  exp  [ - 


*]Cl  '  erf{2/Drt)]  \  (1 ) 


Here,  the  amount  of  solute  in  each  of  a  series  of  slices  dz  thick 
and  parallel  to  the  edge  of  the  specimen  will  be 


C(z,t)dz  ■  C,(z)dz  /"  [l-erf(-X— )]  dy 
=  Ci(z)dz  [constant] 


(to; 


A  plot  of  In  C  vs  z  then  should  give  a  straight  line  of  slope, 

-v? _ 

(,Obt)l‘({D,/Db)'! 

This  diffusion  analysis  conforms  to  the  experimental  results  giving 

I 

a  straight  line  fitting  of  In  C  vs  z  (Fig. 6).  From  this  relation¬ 
ship,  the  bulk  diffusion  coefficient  of  sulfur  was  calculated  to  be 

0  I 

1x10* 20  cm2/sec  and  that  of  oxygen  was  2x10  cm  /sec.  The  bulk 

diffusion  of  sulfur  measured  from  Fig.  A2  gave  the  diffusivity 
-19  2 

of  2  x  10  cm  /sec.  These  values  are  significantly  lower 

than  in  those  in  the  literature  where  D  =  0.45  exp(  -48  Kcal/RT) , 

2  oxygen 

cm  /sec.  In  this  study,  the  interface  consists  of  various  complex 
titanium  compounds  which  will  change  the  movement  of  oxygen. 

The  analysis  indicated  that  the  sulfur  concentration  decreases 
exponentially  with  the  diffusion  distance.  In  C  ■  k'z.  As 
discussed  previously,  k'  is  the  proportionality  constant.  The  rapid 
diffusion  down  the  interface  was  separated  from  the  slow  diffusion 
into  the  bulk  resulting  in  two  one -dimensional  analyses.  The 

18 

sulfur  has  negligible  solubility  in  titanium  of  about  0.017  w/o 

19 

Sulfur  form  eleven  different  sulfides  in  the  phase  diagram  , 


which  results  in  the  sputtering  profiles  showing  continuously 
decreasing  sulfur  content  into  the  bulk.  A  plateau  in  the  sulfur 
profile  would  be  observed  if  thicker  single  concentration  sulfides 
existed  in  the  interface  layer,  an  observation  made  for  measurements 
close  to  the  end  of  the  specimen.  The  actual  diffusion  coefficient 
is  for  sulfur  diffusing  through  a  series  of  closely  related 
Ti  S  structures . 


From  the  diffusion  study  of  thermal  cycled  specimens  in  the 
.  .  o 

axr  environment  between  550  C  and  room  temperature,  the  diffusion 
of  oxygen  is  concluded  to  be  dominantly  along  the  interface. 

In  order  to  determine  the  activation  energy  for  the  diffusion 
process  measurements  were  made  as  a  function  of  cycling  time, 

*5 ,  1,  2  days  and  maximum  cycling  temperatures,  480,  530,  and  590°C. 
Fig.  7.  is  a  plot  of  the  In (p/p)  height  of  the  510  ev  oxygen 
signal  (KLL  transition)  as  a  function  of  heating  time  at  various 
maximum  cycling  temperatures  at  the  position  of  150  flm  from  the 
end  of  the  specimen.  The  slope  of  the  line  can  be  taken  as  the  rate 
(Rq)  of  oxygen  diffusion  along  the  interface  from  the  end  of  the 
specimen  during  the  thermal  cycling.  The  rate  equation  can 
be  expressed  by20 


(rate)  =  (constant)  x  exp(-E  /RT) 

3 

when  there  is  only  one  thermally  activated  process. 

The  activation  energy  may  be  calculated  from  the  data  in  Fig.  8, 
by  recognizing  that  the  slope  of  the  plot  of  log  Rq  vs.  1/t  for 
oxygen  is,  -E  /2.303R,  where  E  is  the  activation  energy,  R  the 
gas  constant.  E  for  the  diffusion  of  oxygen  along  the  interface 

3 

in  the  titanium  MMC  was  about  8  Kcal/mole.  It  has  been  reported 
that  E  for  the  diffusion  of  oxygen  in  single  crystal  titanium 
is  about  48  Kcal/mole.  In  the  present  case,  the  E  is  for  the 

3 

interface  diffusion  mechanism  of  oxygen  during  the  thermal 
cycling  treatment. 


Temperature  Dependence  of  Diffusion  of  Sulfur 


The  activation  energy  for  the  sulfur  diffusion  during  the 

thermal  cycling  was  obtained  at  the  temperature  range  of  480  and 

540°C.  The  AES  measurements  were  the  same  as  for  those  of  the 

oxygen  environment.  Fig.  9  is  a  plot  of  the  logarithm  of  p/p  I 

height  of  the  152  eV  sulfur  signal  (LMM  transition)  as  a  function 

of  heating  time  at  the  position  of  150  Mm  from  the  end  of  the 

specimen.  The  plot  of  log  R  vs.  1/t  for  sulfur  is  shown  in  Fig.  12. 

s 

The  activation  energy  for  the  diffusion  of  sulfur  along  the 

interface  in  the  titanium  MMC  was  about  15  Kcal/mole.  It  is 
21 

reported  that  for  the  sulfurization  reaction  of  titanium  is 

about  27  Kcal/mole.  That  of  sulfur  segregation  in  powdered  titanium 

2  2  o 

is  15.5  Kcal/mole  in  the  temperature  range  of  25  to  700  C. 

The  later  case  may  have  an  interface  controlling  diffusion  reaction 

similar  to  that  observed  in  this  study.  A  least  square  fitting 

of  the  data  for  the  isothermal  treatment  resulted  in  the  almost 

identical  slope  with  that  for  the  thermal  cycling  treatment  as 

shown  in  Fig.  2. 

Higher  sulfur  and  oxygen  concentration  along  the  interface 
for  specimens  thermal  cycled  show  that  the  interface  has  a  thin 
but  finite  thickness  and  is  a  high  diffusion  path  for  the  sulfur 
and  oxygen.  The  enhancement  of  diffusion  for  the  thermal  cycling 
treatment  implies  that  thermal  cycling  itself  plays  a  role  in  the 
accelerated  degradation  of  the  MMCs.  Due  to  differences  in  coefficients 
of  expansion  between  the  matrix  and  the  fiber,  temperature  cycling 
will  include  cyclic  elastic-plastic  stresses  at  the  interface,  isothermal 
treatment  does  not  induce  these  cyclic  stresses. 


Summary  and  Conclusion 


The  interaction  between  the  environment  and  the  titanium 

metal  matrix/SiC  and  B.C/B  fiber  interface  was  evaluated  in  terms 

4 

of  interface  diffusion  under  the  thermal  cycling  treatments. 

Samples  thermal  cycled  in  air  between  RT  and  550°C  for  one 
day  had  high  concentration  peaks  of  oxygen  at  the  interface  near 
the  exposed  surfaces  and  diffused  some  distance  into  the  interface. 
The  isothermal  treatment  in  air  does  not  significantly  increase 
the  oxygen  level  on  the  interface.  The  reduction  of  longitudinal 
fracture  strength  and  the  fracture  mode  change  in  the  titanium  MMCs 
are  attributed  to  the  higher  amount  of  oxygen  and  sulphur  environ¬ 
ments.  Thermal  cycled  SiC/Ti-6Al-4V  specimens  showed  a  greater 
amount  of  oxygen  and  sulphur  in  the  matrix  side  of  the  fractured 
interface  and  virtually  none  on  the  fiber  side,  showing  the  frac¬ 
ture  path  to  be  between  the  sulfide  or  oxide  and  the  fiber  in  the 
interface.  B4C/B/Ti-6Al-4v  specimens  had  a  strong  TiB2  peak  on  the 
matrix  side  of  the  fractured  interface.  This  indicates  that  the 

fracture  occured  at  the  B  c  and  TiB„  interface.  The  plot  of  logar- 

4  2 

ithm  of  sulfur  concentration  vs  distance  measured  from  the  end  of 
the  specimen  allowed  a  straight  line  fit  to  the  data  for  thermal 
cycled  specimens  as  follows  :  In  Sg  =  kZ  . 

Similar  trend  was  also  noted  from  the  oxygen  profile.  Results 
from  isothermal  treatment  also  show  a  straight  line  relationsh¬ 
ip. 

The  two  dimensional  diffusion  problem  was  evaluated  based 
on  the  grain  boundary  diffusion  equation  .  The  rapid  diffusion 
down  the  interface  was  seperated  from  the  slow  diffusion  into  the 
bulk  resulting  in  two  one-dimensional  anlysis.  The  sulfur  diffusion 
down  the  interface  was  far  larger  than  into  the  bulk,  a  10 ^  differ¬ 
ence  in  diffusion  distance,  confirming  that  the  interface  provides 

a  high  rate  diffusion  path  for  environmental  elements.  The  diffusi¬ 
on  coefficient  of  sulfur  down  the  interface  was  calculated  to  be 


—9  2  o 

5  x  10  cm  /sec  at  a  maximum  temperature  of  550  C  during  thermal 

cycling  for  SiC/Ti-6Al-4V  composites.  The  oxygen  diffusion  coeffic- 

-9  2 

ient  was  calculated  to  be  7  x  10  cm  /sec  for  B .c/B/Ti-6Al-4v 

4 

composites  thermal  cycled  in  air  for  one  day  between  RT  and  550  c. 
The  activation  energy  of  oxygen  diffusion  was  8  kcal/mole  and  that 
of  sulfur  was  15  kcal/mole  ,  which  are  far  below  those  for  the 
bulk  diffusion  and  are  consistent  with  the  interface  diffusion  mec¬ 
hanism  . 
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Appendix  A 


Correction  of  concentratin  profiles  from  AES  peak-to-peak  Height 
Measurement . 


Conventionally,  the  relative  peak-to-peak  (p/p)  height  of  the 
element  at  a  depth  y  below  the  top  surface  after  sputtering  are  con¬ 
verted  to  composition  using  a  relative  sensitivity  factor  from  the 
13 

AES  Handbook.  When  the  elemental  standards  are  used,  the  intens¬ 
ity  ratios  from  the  standards  must  be  corrected  by  factors  related 
to  the  atom  density,  electronic  escape  depth  and  electron  back  sca¬ 
tter  factor.  This  improves  the  accuracy  with  which  the  Auger  peak 

23 

intensities  can  be  related  to  the  surface  composition  .  However, 
the  surface  composition  may  still  not  equal  bulk  composition.  Sever¬ 
al  attempts  have  been  published  to  quantify  the  AES  data  for  the 
ditribution  of  elements  on  the  surface.  Even  though  the  effect  of 
escape  depth  was  emphasized,  it  was  not  directly  used  for  the  quant¬ 
itative  surface  analysis  of  the  material  with  thin  layer  structure. 

In  the  present  problem,  since  sulfur  and  oxygen  are  present 
as  thin  layers  on  the  interface,  the  concentration  of  sulfur  and 
oxygen  will  be  different  from  the  conventional  calculation  approac¬ 
hes  which  assume  bulk  concentration.  For  example,  the  p/p  height  of 
oulfur,  S  (y) ,  measured  at  a  depth  of  y  after  sputtering  is  proporti- 
onal  to  jjcs( (/n; 
where  (^)  is  the  true  concentration  at  a  depth  of  j  from  the 
sputtered  surface  and  £  is  the  escape  depth  ,  as  shown  in  Fig.A-1 
The  data  is  taken  at  a  specific  value  of  z,  the  distance  down  the 
boundary  from  the  free  surface. 

Now,  the  problem  is  to  get  c  (y)  from  the  following  integral 

s 

equation  :  From  equation  A-l  with  a  change  in  variable, 

S  (y)  -  nJ  Cg(J+y)e“*/<r  dj  (A-2) 

where  N  is  the  sensitivity  of  the  element  excluding  the  escape  depth. 

12 

In  a  derivation  by  H.A. Stevens  ,  eq.  A-2  can  be  written  as  follows  in 
terms  of  Cg (y) . 


=  N/o  d^CsU+y)e 

=  N  fo  d£>  lk  Cs(c+y)e^/6 


=  n  [c  (c+y)e'5/5j  “  +  jC  d^c  (c+y)e'c/<s] 
5  S=o  6  0  s 


=  -NCs(y)  +  ~  s(y) 


0P) 


Then, 


c  (y)  =  1  r§iy)  .  dsjyJ.-] 

sKyi  N  L  5  dv  J 


This  gives  the  true  surface  chemistry  in  terms  of  the  measured 
value  and  the  slope  of  the  inert  ion  sputtering  profile.  The 
experimental  sulfur  profile  results  can  be  curve -fit  in  the  form 
shown  in  Fig.  A-l. 


S(y)  «=  SQ  e  * 

S  is  the  p/p  height  at  y  =  0.  Since 

§sL±  .  _«s  e-«y 

dyt  o 


Eq.  4  can  be  rewritten 


(A-5) 


(A -6) 


(AD 


From  Fig.  Al,  the  value  of  y  where  the  p/p  height  of  sulfur 

equals  S  /e  is  found  to  be  13  X.  From  this  observation, 
o 


sfn 


-<*  13  <C. 


giving  \X  ~  d-oT]  h 

With  the  £  of  the  sulfur  being  8  %  , 


cs(y)  =  ~jf  Cg-+0.077]e'0‘077y 


=  0.202  ^  e'0,077y 

N 

(A?) 

S(y)  =  soe‘°-077y 

(/M) 

Here  Sq  /  N  cannot  be  obtained  by  observing  the  sulfur  profile 
alone.  Observation  of  the  titanium  sputtering  profile,  T(y),  can 
allow  the  determination  of  the  true  titanium  concentration,  cT;£(y)* 

The  sputtering  profiles  of  boron  and  others  including  carbon, 
aluminum  and  vanadium  are  found  to  be  approximately  constant,  giving 
CB  =  55  %,  cothers  =  15  %  7  since  below  the  depth  of  at^least  3  , 

the  concentrations  calculated  based  An  AES  Handbook  will  give  appr¬ 
oximately  true  concentrations  of  elements  such  as  titanium,  boron,  carbon 
aluminum  and  vanadium  ,  and  their  sum  should  be  100  %  . 

From  the  experimental  .  observations,  the  p/p  height  of  titan¬ 
ium  is  given  by  ^ 

‘-P«~  )  (Ai°) 

since  T(y)-*0.3  as  y-*<*  (  considering  =  0.55  and  cothers  =  0*15  ). 
Similarly, 

Tl1>  =  MC  (Al>) 

where  M  is  the  sensitivity  of  the  titanium  and  =  12  X.  At  y=20  X, 

T(Y)at  y=2jj  °-3  ^-P®"20^  =  >S  x  0.3  and  y=4oS,  T  (y^  y=40  = 

0.3  (1-pe  )  =  2/3  x  0.3  .  Then,  B  =  o.oo2  and  p=0.75. 


Therefore, 


cTi(y)  -pe‘py(^e)] 

=  1  [0.083-(0.75)(0.103)e"°-02y] 
=  1  [0.083-0. 078e‘0,02y] 


Again  since,  as  y  ■>  »,  Cj^  -*■  0.3,  M  =  0.277.  Therefore, 


CTi(y)  =  0.30  -  0.282e'°-02y 


T{y )  =  0.30  -  0.225e"°'02y 


v  -F~- 1 


-.1 


(Ai2.  ) 


From  the  mass  conservation,  CQthers  +  Cg  +  CTi  +  C$  =  1  at  y-0.  Then,' 

£ 

Cs  =  0.282  -  (0.202)e-°-077-0. 

Therefore, 

S(y)  =  SjO-Wy 

Cs(y)  =  O.282e'°'077y 
The  results  are  shown  in  Fig.  A2. 

As  shown  above,  S (y)  or  T(y)  should  be  corrected  to 

C  (y)  or  C  . (y)  to  obtain  true  concentrations  of  the  elements.  In 
s  Ti 

the  course  of  these  derivations,  several  variables  were  not 
taken  into  account.  These  include,  (1)  preferential  sputtering 
effects,  (2)  surface  roughness,  (3)  interaction  effects  between 
elements,  (4)  knock-in  effects,  and  (5)  peak  shape  changes 
(not  too  significant  for  sulfur  and  titanium) . 

Even  with  the  other  variables  not  taken  into  account 
this  attempt  to  quantify  the  thin  layer  chemistry  offers  a  much 
more  meaningful  approach.  In  particular,  where  the  absolute  surface 
concentrations  are  required  for  a  diffusion  analysis,  the  approach 
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Figure  I  .  AES  analysis  of  sulfur  along  the 
matrix  side  of  interface  for  SiC/ 
Ti-6A1-4V  composites,  thermal  cycled 
(TF)  and  isothermally  treated(IH). 
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Figure  2.  Sulfur  concentration  changes  along  the 
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Logarithmic  fitting  of  environmental  element 
concentration  along  the  matrix  side  interface 
sulfur  and  oxygen,  thermally  cycled  for  one 
day  between  25°C  and  550°C  . 
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Figure  Logarithmic  fitting  of  sulfur  concentration 

along  the  interface  showing  the  concentration 
difference  for  two  different  aging  times  is 
about  20  %  for  B^C/B/Ti-6Al-4v  composite 
thermal  cycled  in  sulfur  to  5^0°C . 
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.  Activation  energy  profile  of  oxygen 
for  B^C/B/Ti-6Al-4v  composite  thermal 
cycled  in  air. 
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Figure  10 .  Activation  energy  profile  of  sulfur  for 
B^C/B/Ti-6Al-4V  composite  thermal  cycled 
in  sulfur  for  one  day  up  to  550°C . 
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Figure  A-Z*  Diagram  of  true  concentrations  of  sulfur 
Cg(y)  and  titanium,  ^^(y). 
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The  Influence  of  Alloying  Elements  on 
Impurity  Induced  Grain  Boundary  Embrittlement 

D.  Y.  LEE,  E.  V.  BARRERA,  J.  P.  STARK,  and  H.  L.  MARCUS 

A  nonequilibrium  thermodynamic  model  which  d<*«cribes  the  effect  of  solute  grain  boundary  segre¬ 
gation  on  grain  boundary  cohesion  was  extended  to  Fe  ternary  systems.  The  extended  model  directly 
and  simply  predicts  the  effect  of  alloying  elements  on  impurity-induced  grain  boundary  embrittlement. 

According  to  the  extended  model,  Mo,  W,  and  Zr  strongly  reduce,  Ni,  Ti,  and  V  slightly  reduce,  and 
Cr  and  Mn  enhance  impurity-induced  grain  boundary  embrittlement  in  an  Fe  ternary  system.  For  the 
evaluation  of  the  extended  model,  Fe-P,  Fe-P-Mn,  Fe-P-Mo,  and  Fe-P-W  alloys  were  studied  by 
Auger  electron  spectroscopy,  scanning  electron  microscopy,  4-point  slow  bend  tests,  and  tension  tests. 

The  experimental  results  show  that  for  a  given  amount  of  P  grain  boundary  segregation  the  grain 
boundary  strength  increases  with  increasing  Mo  or  W  grain  boundary  segregation  and  decreases  with 
increasing  Mn  grain  boundary  segregation.  These  experimental  results  showing  the  remedial  effect  of 
Mo  or  W  and  the  embrittling  effect  of  Mn  on  P-induced  grain  boundary  embrittlement  are  consistent 
with  the  predicted  results  from  the  extended  model.  The  nonequilibrium  model  is  also  used  to  evaluate 
impurity-induced  interfacial  embrittlement  in  continuous  fiber  metal  matrix  composite  materials. 

I.  INTRODUCTION  II.  THE  EXTENDED  NONEQUILIBRIUM  MODEL 
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RECENTLY,  Stark  and  Marcus'  have  developed  a  thermo¬ 
dynamic  model  which  describes  the  effect  of  impurity  (/) 
grain  boundary  segregation  on  the  grain  boundary  cohesive 
energy.  The  development  of  the  model  was  based  upon  a 
detailed  nonequilibrium  thermodynamic  analysis  of  the 
grain  boundary  segregation  process.  This  nonequilibrium 
model  directly  and  simply  provides  a  numerical  estimate  of 
the  grain  boundary  cohesive  energy  change  associated  with 
impurity  grain  boundary  segregation.  However,  it  has  been 
recognized  that  understanding  the  role  of  alloying  elements 
(A)  of  the  transition  series  is  of  great  importance  to  predict 
and  control  grain  boundary  embrittlement  in  Fe  alloys  since 
the  complex  grain  boundary  embrittlement  behavior  is  often 
encountered  with  the  presence  of  alloying  elements  in  Fe 
alloys.  The  effect  of  alloying  elements  on  grain  boundary 
embrittlement  can  be  classified  into  the  direct  effect  and  the 
indirect  effect.  The  indirect  effect  arises  from  the  grain 
boundary  cohesive  energy  change  induced  by  the  change  in 
impurity  grain  boundary  segregation  due  to  die  existence  of 
the  /-A  interaction  in  Fe  alloys.  The  /-A  interaction  and  its 
effect  on  impurity  grain  boundary  segregation  has  been 
rationalized  by  the  Guttmann  model.2  However,  the  direct 
effect  of  alloying  elements  which  arises  from  the  grain 
boundary  cohesive  energy  change  induced  by  their  own 
grain  boundary  segregation  has  as  yet  to  be  considered. 

The  main  purpose  of  this  study  is  to  investigate  the  com¬ 
bined  direct  and  indirect  effect  of  alloying  elements  on 
impurity-induced  grain  boundary  embrittlement.  Therefore, 
the  nonequilibrium  model  will  be  extended  to  Fe-/-A  ternary 
systems.  This  will  be  followed  by  the  experimental  study  on 
high  purity  Fe-P,  Fe-P-Mn,  Fe-P-Mo,  and  Fe-P-W  alloys  for 
the  evaluation  of  the  extended  model.  In  order  to  determine 
grain  boundary  strength,  the  method  recently  developed  by 
Kamcda  et  al,3  *  will  be  adopted. 
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METALLURGICAL  TRANSACTIONS  A 


It  is  assumed  in  the  development  of  the  nonequilibrium 
model  that  the  grain  boundary  (GB )  region  consists  of  the 
boundary  (B)  and  boundary  matrix  interface  (BM)  regions 
as  shown  in  Figure  1 .  Also,  the  thicknesses  of  these  B  and 
BM  regions  are  assumed  to  be  atomic  in  nature.  The  devel¬ 
opment  of  the  extended  model  is  presented  in  detail  in 
Appendix  B.  The  final  result  of  the  extended  model  can  be 
expressed  as: 

SHaB  =  SHB  +  8HM 


=  +  8H™  -  (mHf  +  H?  ~  Hj&  8N f 

-  ("Ha  +  Ha  ~  H&)  8N%  [1] 


Where  5//“,  8HB,  and  8HBM  are  enthalpy  changes  in  GB, 
fl^and  BAf_during  grain  boundary  segregation,  respectively, 
mHf  and  mH%  are  the  partial  molar  mixing  enthalpies  of  an 
impurity  /  and  an  alloying  element  A  in  the  matrix  (A#), 
respectively,  Hf,  H%,  and  W*  are  the  molar  enthalpies  of 
pure  /,  A,  antTFe,  respectively,  and  8N*!1  and  8N%  are  the 
changes  in  the  number  of  moles  of  /  and  A  in  M,  re¬ 
spectively.  The  terms  8H%  and  8HB*  in  Eq.  [1]  are  the 
enthalpy  changes  in  B  and  BM,  respectively,  when  B  and 
BM  transform  from  their  initial  high  grain  boundary  energy 
state  to  their  final  low  grain  boundary  energy  state.  This 
transformation  is  equivalent  to  the  system  undergoing  grain 
boundary  segregation  as  an  attempt  to  obliterate  the  high 
grain  boundary  energy.  A  better  understanding  of  these 
terms  may  be  obtained  from  the  details  of  the  nonequilib¬ 
rium  model  development  presented  in  Reference  1 . 


Matrix  ( M ) 


Boundary  Matrix  Interface  (BM) 


Boundary  ( B ) 


Boundary  Matrix  Interface  ( BM) 


Matrix  (M) 

Fig.  1  —  Model  of  grain  boundary  region  [1). 
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Since  the  “pV”  terms  associated  with  enthalpy  are  gener¬ 
ally  negligible  in  condensed  phases,  the  enthalpy  change  in 
the  grain  boundary  during  grain  boundary  segregation  is 
virtually  equal  to  the  change  in  the  grain  boundary  cohesive 
energy  because  it  reflects  the  change  in  the  depth  of  the 
energy- well  holding  the  atoms  together.  Then,  it  can  be 
noted  from  Eq.  [  1  ]  that  the  grain  boundary  cohesive  energy 
change  associated  with  grain  boundary  segregation  is  given 
as  a  function  of  the  partial  molar  mixing  enthalpies  of  /  and 
A,  the  molar  enthalpies  of  /,  A,  and  Fe,  and  the  changes  in 
the  number  of  moles  of  /  and  A  in  M.  The  partial  molar 
enthalpies  and  the  molar  enthalpies  can  be  obtained  from  the 
published  thermodynamical  data,  and  the  changes  in  the 
number  of  moles  of  /  and  A  can  be  determined  from  grain 
boundary  chemistry  analysis.  Thus,  a  numerical  estimate  of 
the  grain  boundary  cohesive  energy  change  associated  with 
grain  boundary  segregation  can  be  made  by  using  Eq.  [1] 
with  a  proper  approximation  of  the  terms  8//*  and  8//*M. 

Stark  and  Marcus'  have  shown  that  the  sum  of  the  two 
terms,  8//“  +  8//*",  is  energetically  equivalent  to  the 
energy  required  for  the  removal  of  the  grain  boundary  at  the 
initial  grain  boundary  composition  (i.e.,  8W*  +  8//*w  = 
-22  kJ/mole).  The  molar  enthalpies  are  substituted  by 
the  negative  values  of  the  published  molar  sublimation 
enthalpies. 5_Finally,  the  partial  molar  mixing  enthalpies 
(mHf  and  mH“)  are  determined  from  the  details  of  the  Fe-/ 
or  Fe-A  binary  phase  diagram6  by  using  a  method  discussed 
by  Swalin.7  Here,  impurities  include  the  well-known  em¬ 
brittling  elements  in  Fe  alloys  such  as  As,  P,  Pb,  S,  Sb,  Se, 
Sn,  and  Te,  and  alloying  elements  include  the  commonly 
found  metallic  additions  of  transition  series  such  as  Cr,  Mn, 
Mo,  Ni,  Ti,  V,  W,  and  Zr.  Table  1  lists  the  molar  enthalpies 
and  partial  molar  mixing  enthalpies  of  the  above  impurities 
and  alloying  elements.  As  shown  in  Table  I,  the  contribution 
of  the  partial  molar  mixing  enthalpies  to  the  estimation  of 
the  grain  boundary  cohesive  energy  change  is  quite  small  for 
most  impurities  and  alloying  elements.  Therefore,  this  term 
will  be  ignored  for  the  element  whose  partial  molar  mixing 
enthalpy  could  not  be  determined. 

Table  II  shows  the  estimated  value  of  the  grain  bound¬ 
ary  cohesive  energy  change  when  a  monolayer  of  either 
an  impurity  or  an  alloying  element  is  present  at  the  grain 
boundary  in  an  Fe-/  or  an  Fe-A  binary  system.  It  can  be 
seen  from  Table  11  that  all  the  impurities  which  have  been 
known  as  grain  boundary  embrittlers  reduce  the  grain  bound¬ 
ary  cohesive  energy.  Even  the  order  of  the  embrittling 
potencies  (PE)  of  P,  Sb,  and  Sn  is  perfectly  consistent 
with  that  found  in  experiments;  the  PE  of  P,  Sb,  and  Sn 
have  been  experimentally  found  to  have  the  order  of 


Table  I.  Molar  Enthalpies  and  Partial 
Molar  Mixing  Enthalpies  of  Impurities 
and  Alloying  Elements  (Unit:  kj/mole) 


1 

H 7 

A 

W7 

", h y 

As 

289 

5 

Cr 

397 

* 

P|H 

334 

13 

Mn 

279 

23 

Pb 

196 

1 

Mo  [8 1 

659 

31 

s  m 

276 

67 

Ni 

427 

14 

Sb 

259 

9 

Ti 

472 

5 

Se 

207 

* 

V 

515 

* 

Sn 

301 

7 

W 

837 

9 

Te 

192 

♦ 

Zr 

611 

163 

1416 -VOLUME  I5A.  JULY  1984 


*  ,  ■ 


Table  II.  Grain  Boundary  Cohesive  Energy  Change 
with  a  Monolayer  Grain  Boundary  Segregation  of  /  or 
A  in  Fe-/  and  Fe-A  Binary  Systems  (kJ/Monolayer) 


Fe-/  System 

Fe-A  System 

/ 

8Hae 

A 

SH1'* 

As 

-144 

Cr 

-  41 

p 

-  91 

Mn 

-136 

Pb 

-242 

Mo 

+252 

S 

-  95 

Ni 

+  3 

Sb 

-170 

Ti 

+  39 

Se 

-231 

V 

+  77 

Sn 

-130 

W 

+408 

Te 

-246 

Zr 

+336 

PE( Sb)  >  P£(Sn)  >  PE( P).9  However,  the  predicted  Pl  for 
S  appears  to  be  somewhat  less  than  expected. 

In  the  case  of  alloying  elements,  most  of  them  are  bene¬ 
ficial  to  the  grain  boundary  cohesive  energy  except  Cr  and 
Mn.  In  particular,  Mn  exhibits  a  fairly  high  embrittling 
potency  (i.e.,  even  higher  than  P,  S,  and  Sn  for  a  given 
amount  of  grain  boundary  segregation).  Of  course,  the  grain 
boundary  segregation  enrichment  ratio  of  Mn  is  much  less 
than  those  of  impurities.  However,  it  is  of  interest  to  note 
that  Schulz  and  McMahon ,u  have  experimentally  found  that 
in  the  absence  of  impurities,  Mn  itself  causes  grain  bound¬ 
ary  embrittlement  in  an  Fe-0.7  Mn-0.4C  system. 

For  Fe-/-A  ternary  systems.  Figure  2  shows  the  variation 
of  the  grain  boundary  cohesive  energy  change  with  the 
molar  fractional  monolayer  of  alloying  elements  at  the  grain 
boundary  where  0.5  monolayer  of  P  is  already  present. 
From  Figure  2  the  direct  effect  of  alloying  elements  on 
P-induced  grain  boundary  embrittlement  can  be  observed. 
By  their  direct  effect.  Mo,  W,  and  Zr  strongly  reduce,  Ni, 
Ti,  and  V  slightly  reduce,  and  Cr  and  Mn  enhance  P-induced 
grain  boundary  embrittlement  in  Fe  alloys.  These  predicted 
results  are  consistent  with  the  published  experimental 
results  showing  the  remedial  effect  of  Mo10 1112  and  Ti1314 
and  the  embrittling  effect  of  Cr"  15-17  and  Mn18  19  20  on 
impurity-induced  grain  boundary  embrittlement. 

It  is  also  of  great  interest  to  note  that  Schulz  and 
McMahon10  have  experimentally  found  that  Mo  reduces 
Mn-induced  grain  boundary  embrittlement  in  an  Fe-0.7 
Mn-0.6  Mo-0.4C  system.  The  remedial  effect  of  alloying 
elements  has  been  attributed  only  to  the  indirect  effect 
arising  from  the  strong  attractive  /-A  interaction  which  re¬ 
duces  impurity  grain  boundary  segregation  by  precipitating 
the  impurity  in  the  matrix.  However,  the  above  interesting 
Mn-Mo  behavior  can  be  explained  by  the  direct  effect  of 
Mn  and  Mo  on  the  grain  boundary  cohesive  energy.  When 
both  Mn  and  Mo  simultaneously  segregate  to  the  grain 
boundary,  Mn  embrittles  the  grain  boundary  by  its  em¬ 
brittling  direct  effect,  while  Mo  improves  the  grain  bound¬ 
ary  cohesive  energy  by  its  remedial  effect,  thereby  relieving 
Mn-induced  grain  boundary  embrittlement. 

Here,  the  effects  of  alloying  elements  were  considered 
only  on  P-induced  grain  boundary  embrittlement  in  Fe-/-A 
alloys.  By  using  Eq.  [1]  the  similar  diagrams  to  Figure  2 
can  be  generated  for  other  embrittling  elements  in  Fe-/-A 
alloys  as  well  as  non-Fe  base  alloys.  Also,  the  nonequilib¬ 
rium  model  can  be  applied  to  the  interfacial  embrittlement 
problems  associated  with  impurity  interfacial  segregation 
in  continuous  fiber  metal  matrix  composite  materials  as 
presented  in  Appendix  C. 

METALLURGICAL  TRANSACTIONS  A 
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Fig.  2 — The  variation  of  grain  boundary  cohesive  energy  change  with  the 
fraction  of  a  monolayer  of  grain  boundary  segregation  of  alloying  elements 
with  Vi  monolayer  P  grain  boundary  segregation. 

Recently,  Seah21  has  proposed  a  simple  pair  bonding 
theory  describing  the  grain  boundary  fracture  energy  change 
associated  with  solute  grain  boundary  segregation  in  a 
binary  system.  Seah’s  result  can  be  written  as: 

AyGB  =  (ZGB/ZM)Xf{H f  -  Hf)  [2] 

where  AyGS  is  the  grain  boundary  fracture  energy  change 
associated  with  solute  grain  boundary  segregation,  ZCB  and 
ZM  are  the  coordination  numbers  of  the  atom  in  the  grain 
boundary  and  the  matrix,  respectively,  XGB  is  the  molar 
fractional  monolayer  of  the  solute  2  in  the  grain  boundary, 
and  Hf  and  Hf  are  the  sublimation  enthalpies  per  unit  area 
of  pure  solvent  1  and  pure  solute  2,  respectively.  Here,  the 
grain  boundary  fracture  energy  change,  that  is  equivalent  to 
the  grain  boundary  cohesive  energy  change  associated  with 
solute  grain  boundary  segregation,  is  directly  related  to  the 
difference  between  the  sublimation  enthalpies  of  solvent 
and  solute.  The  approach  of  Seah’s  pair  bonding  theory  is 
quite  different  from  that  of  the  extended  nonequilibrium 
model.  However,  it  can  be  noted  from  Eqs.  [1]  and  121  that 
these  two  different  theories  show  basically  the  same  result 
that  the  grain  boundary  cohesive  energy  change  associated 
with  grain  boundary  segregation  is  directly  related  to  the 
difference  between  the  sublimation  enthalpies  of  solvent 
and  solute. 

By  applying  equilibrium  thermodynamics  to  the  ener¬ 
getics  of  brittle  fracture,  several  investigators22  23  have 
attempted  to  calculate  the  work  of  brittle  grain  boundary 
fracture.  According  to  the  above  approaches  the  work  of 
brittle  grain  boundary  fracture  is  often  stated  by  the  expres¬ 
sion  2yr  -  yCB,  where  y5  and  yGB  are  the  surface  energy  and 
the  grain  boundary  energy,  respectively.  The  implication  is 
that  y3  and  yGB  are  equilibrium  thermodynamic  values. 
However,  McMahon  el  al.2i  2i  have  criticized  these  attempts 
since  fracture  is  essentially  an  irreversible  process. 

Recently,  Losch26  27  and  Briant  and  Messmer28  29  30  have 
studied  the  chemical  bonding  aspects  of  grain  boundary 
embrittlement.  Their  results  have  suggested  that  the  grain 
boundary  embrittling  impurities  draw  charge  from  the 
neighboring  metal-metal  bonds,  which  hold  the  grain 
boundary  together,  to  form  strong  impurity-metal  bonds 


within  the  plane  of  the  grain  boundary.  Thus,  the  metal- 
metal  bonds  across  the  grain  boundary  will  be  weakened, 
thereby  leading  to  grain  boundary  embrittlement.  The 
results30  have  also  shown  that  P  is  more  electronegative  with 
respect  to  Cr  and  Mn  than  to  Fe  and  more  charge  will  be 
drawn  from  Cr  and  Mn  onto  P.  Therefore,  Cr  and  Mn  exhibit 
an  embrittling  effect  on  P-induced  grain  boundary  em¬ 
brittlement.  However,  P  is  less  electronegative  with  respect 
to  Ni  than  to  Fe.  Consequently,  Ni  does  not  enhance 
P-induced  grain  boundary  embrittlement.  Even  though 
the  interactions  between  /,  A,  and  Fe  were  not  included 
in  the  extended  nonequilibrium  model,  it  can  be  noted 
that  the  predicted  results  on  Cr,  Mn,  and  Ni  from  the 
extended  model  are  consistent  with  the  above  results. 


III.  EXPERIMENTAL  PROCEDURES 

The  materials  used  in  this  study  are  high  purity  Fe-P, 
Fe-P-Mn,  Fe-P-Mo,  and  Fe-P-W  alloys  prepared  at  the 
General  Electric  Research  and  Development  Center  in  the 
form  of  hot  rolled  plates  of  12.7  mm  in  thickness  and 
76.2  mm  in  width.  The  chemical  compositions  of  these 
alloys  were  analyzed  by  Anderson  &  Associates,  Houston, 
Texas  and  Chicago  Spectro  Service  Laboratory,  Chicago, 
Illinois.  The  analyzed  chemical  compositions  of  the  alloys 
are  shown  in  Table  HI. 

The  reasons  for  choosing  these  alloys  are  the  following: 

1 .  Among  the  well-known  grain  boundary  embrittling  im¬ 
purities  (i.e. ,  As,  P,  S,  Sb,  Sn,  etc.),  P  is  the  most  common 
impurity  in  commercial  Fe  alloys.  Hence,  the  study  on  P  grain 
boundary  segregation  and  its  effect  on  grain  boundary  em¬ 
brittlement  is  of  practical  importance. 

2.  As  discussed  earlier,  the  extended  model  suggests  the 
remedial  effect  of  Mo  and  W  and  the  embrittling  effect  of 
Mn  on  P-induced  grain  boundary  embrittlement.  Therefore, 
the  P-doped  Fe  alloys  that  individually  contain  Mn,  Mo,  or 
W  were  selected  in  order  to  evaluate  experimentally  the 
extended  model. 

3.  C  often  causes  a  complex  situation  in  grain  boundary 
embrittlement  studies  by  segregating  to  grain  boundaries 
in  elemental  form  and/or  by  precipitating  at  grain  bound¬ 
aries  in  the  form  of  carbides.  Hence,  the  low  C  content 
Fe  alloys  as  shown  in  Table  III  were  chosen  to  avoid  this 
complex  situation. 

4.  Finally,  the  effect  of  alloying  elements  on  impurity- 
induced  grain  boundary  embrittlement  may  arise  not  only 
from  the  direct  effect  but  also  from  the  indirect  effect. 
Therefore,  for  careful  study  on  the  indirect  effect  of  Mn, 
Mo,  and  W,  the  level  of  P  grain  boundary  segregation  in  the 
ternary  Fe-P-Mn,  Fe-P-Mo,  and  Fe-P-W  alloys  are  to  be 
compared  to  that  in  the  binary  Fe-P  alloy. 

For  heat  treatments  the  plates  were  cut  into  the  rec¬ 
tangular  blocks  of  12.7  mm  x  21.4  mm  x  76.2  mm.  As 
pointed  out  previously,31'32  the  mechanical-structural  factors 
such  as  hardness,  grain  size,  morphology  of  grain  boundary, 
and  type  of  microstructure  are  important  variables  control¬ 
ling  grain  boundary  embrittlement.  Since  the  main  pur¬ 
pose  of  this  study  is  to  investigate  the  effect  of  P,  Mn,  Mo, 
and  W  grain  boundary  segregation  on  the  grain  boundary 
strength,  it  would  be  desirable  not  to  have  variables  of 
the  mechanical-structural  factors.  Therefore,  the  first  heat 
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Table  III.  The  Chemical  Compositions  of  Materials  (Wt  Pet) 


Element 


Fe-P-Mn 


Fe-P-Mo 


Fe-P-W 


*(a)  reported  from  Anderson  &  Associates.  Inc. 

(b)  reported  from  Chicago  Spectro  Service  Laboratory.  Inc. 


treatment  was  intended  to  develop  the  same  grain  size  for  all 
the  alloys.  However,  this  could  not  be  achieved  due  to  the 
following  reasons: 

1 .  After  grain  size  control  treatment,  the  Fe-P  and  Fe-P-Mn 
alloys  exhibit  a  phase  transformation  during  cooling,  while 
the  Fe-P-Mo  and  Fe-P-W  alloys  remain  in  the  same  phase. 

2.  The  conditions  of  the  as-received  alloys  were  too  differ¬ 
ent.  The  Fe-P  and  Fe-P-Mn  alloys  had  a  very  fine  and 
equiaxed  grain  structure,  while  the  Fe-P-Mo  and  Fe-P-W 
alloys  had  a  very  large  and  elongated  grain  structure. 

Hence,  the  resulting  grain  size  of  the  Fe-P-Mn  alloy  is 
significantly  smaller  when  compared  to  those  of  the  Fe-P, 
Fe-P-Mo,  and  Fe-P-W  alloys.  The  problems  arising  from 
the  grain  size  difference  will  be  discussed  later.  The  grain 
size  control  treatment  was  followed  by  tempering  and  aging 
treatments  to  vary  the  level  of  P,  Mn.  Mo,  and  W  grain 
boundary  segregation.  The  heat  treatment  conditions  of  the 
alloys  are  shown  in  Figure  3.  In  order  to  identify  the  type 
of  alloy,  aging  temperature,  and  aging  time,  the  specimens 
were  designated  with  5-digit  numbers  as. 

x  x  x  x  x 


type  of  alloy  aging  temperature  aging  time 


0:Fe-P 
1:  Fe-P-Mn 
2:  Fe-P-Mo 
3:  Fe-P-W 


40:400 

45:450 

50:500 

55:550 

60:600 


01 : 10  hrs 
03:30 
10:100 
30:300 


After  each  heat  treatment  a  hardness  measurement  was  made 
in  HRB  scale  using  a  Wilson  Rockwell  hardness  tester. 

Recently,  Kameda  era/.’4  have  developed  a  direct 
method  to  determine  the  critical  local  tensile  stress  neces¬ 
sary  for  the  grain  boundary  brittle  crack  initiation  (cr, )  using 
4-point  slow  bend  tests  and  tension  tests,  in  conjunction 
with  the  Griffiths-Owen  finite  element  elastic-plastic  stress 
analysis.”  In  this  study,  the  method  developed  by  Kameda 
et  al.  will  be  adopted  in  order  to  determine  the  effect  of  P, 


1000  G  1  hr 

n 

700  C  12  hrs 

600  C  0-300  hrs 

1100  C  1  hr 

n 

700  C  12  hrs 

600  C  0-300  hrs 

1100  G  1  hr 


700  C  12  hrs 


600  C  0-300  hrs 


1000  C  2  hrs 


700  C  12  hrs 


600  G  0-300  hrs 
550 
500 

450  "  (d 

1*00 


time 

Fig.  3  —  Conditions  of  heal  treatment  for  the  (a)  Fe-P.  (b)  Fe-P-Mn. 
(<■)  Fc-P-Mo.  and  id)  Fe-P-W  alloys. 
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Mn,  Mo,  or  W  grain  boundary  segregation  on  the  grain 
boundary  strength.  Hence,  after  heat  treatments  and  hard¬ 
ness  measurements,  each  rectangular  block  was  cut  into  a 
notched  bend  test  specimen  and  an  unnotched  tension  test 
specimen.  The  geometry  of  the  notched  bend  test  specimen 
is  the  same  as  that  used  in  the  Griffiths-Owen  analysis. 

Both  bend  and  tension  tests  were  conducted  using  an 
Instron  universal  testing  machine.  The  primary  test  tem¬ 
peratures  were  — 140  °C  for  Fe-P  and  Fe-P-Mn  alloys  and 
— 100  °C  for  Fe-P-Mo  and  Fe-P-W  alloys.  These  test  tem¬ 
peratures  were  chosen  so  the  specimens  fractured  at  initial 
yielding,  but  before  general  yielding  in  the  bend  test.  In 
order  to  find  the  above  test  temperatures  and  the  tempera¬ 
ture  dependence  of  yield  stress  (ay),  some  of  the  specimens 
of  each  alloy  were  tested  over  the  temperature  range  of 
-196°C  to  room  temperature.  All  the  test  temperatures 
were  obtained  by  controlling  the  amount  of  liquid  nitrogen 
per  unit  time  sprayed  to  the  specimen  and  were  monitored 
by  a  thermocouple  embedded  in  the  specimen.  Cross-head 
speeds  were  0.5  mm  per  minute  for  bend  tests  and  2  mm  per 
minute  for  tension  tests. 

In  order  to  determine  the  mode  of  fracture  and  the  per¬ 
centage  of  intergranular  fracture  (pet  IF),  the  fractured  bend 
test  specimens  were  examined  using  scanning  electron  mi¬ 
croscopy  (SEM).  For  the  estimation  of  pet  IF,  three  SEM 
fractographs  were  taken  for  each  specimen  from  the  fracture 
surfaces  located  near  the  notch  root  in  the  center  region  of 
the  specimen.  Since  the  main  interest  is  to  find  the  fracture 
behavior  in  the  area  under  ay,  the  distance  from  the  notch 
root  to  the  area  where  ay  occurred  (D,)  was  determined  for 
each  specimen  from  the  obtained  nominal  bending  stress 


(a**),  ay,  and  the  Griffiths-Owen  analysis.  Then,  the  line 
indicating  the  location  of  a;  was  drawn  on  the  SEM  frac- 
tograph.  The  pet  IF  was  estimated  by  measuring  the  length 
of  the  line  occupied  by  intergranular  fracture  surfaces. 
Figure  4  shows  the  examples  of  the  fractographs  used  in  the 
pet  IF  estimation. 

For  the  determination  of  P,  Mn,  Mo,  and  W  grain  bound¬ 
ary  concentration,  Auger  electron  spectroscopy  (AES)  was 
employed.  The  Auger  samples  were  prepared  from  the  frac¬ 
tured  bend  test  specimens.  Auger  samples  were  fractured 
in  situ  at  the  pressure  of  about  10~8  Pa  and  at  the  tem¬ 
perature  of  about  -30  °C  in  the  ultrahigh  vacuum  chamber 
of  a  scanning  Auger  spectrometer  (Physical  Electronics 
Industries  model  PHI  590).  Auger  spectra  from  the  individ¬ 
ual  grain  boundary  facets  were  recorded  as  dN(E)/dE  vs  E 
under  the  following  conditions:  5  KeV,  300  to  500  nA, 
2  n m  primary  beam;  3  V  peak-to-peak  modulation;  3  eV 
per  second  sweep  rate;  0.3  second  time  constant.  From  the 
obtained  Auger  spectra  quantitative  estimates  of  grain 
boundary  chemistry  were  made  based  on  the  method  given 
in  Reference  34.  Auger  sputtering  depth  profiles  were  also 
taken  to  examine  whether  P,  Mn,  Mo,  and  W  are  segregated 
locally  at  grain  boundaries  or  tied  up  in  a  three  dimensional 
(3D)  second  phase. 

IV.  RESULTS  AND  DISCUSSION 

A.  The  Effect  of  Mn,  Mo,  and  W  on  P  Grain 
Boundary  Segregation 

As  shown  in  Figure  5  the  Auger  sputtering  depth  profiles 
show  that  P,  Mn,  Mo,  and  W  are  concentrated  locally  at 
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Fig.  5  —  Example;,  of  the  Auger  sputtering  depth  profiles. 


grain  boundaries.  This  suggests  that  P,  Mn,  Mo,  and  W 
segregated  at  grain  boundaries  are  not  tied  up  in  a  3D  second 
phase.  If  they  formed  a  3D  second  phase  at  grain  bound¬ 
aries,  their  concentration  profiles  would  extend  over  a  much 
greater  distance.  The  concentration  profiles  of  Mo  and  W 
extend  a  little  more  than  those  of  P  and  Mn.  This  is  assumed 
to  be  because  of  the  slower  sputtering  rate  of  Mo  and  W  as 
pointed  out  previously  by  Schmerling  et  al.n  It  should  be 
noted  that  this  reduced  sputtering  rate  of  Mo  or  W  would  be 
expected  from  the  grain  boundary  cohesive  energy  change 
associated  with  Mo  and  W  grain  boundary  segregation.  As 
described  earlier,  the  grain  boundary  cohesive  energy  in¬ 
creases  with  Mo  or  W  grain  boundary  segregation  but  de¬ 
creases  with  P  or  Mn  grain  boundary  segregation. 

From  Figure  5  it  can  be  noted  that  a  small  amount  of  S 
grain  boundary  segregation  occurs  in  the  Fe-P,  Fe-P-Mo, 
and  Fe-P-W  alloys,  while  S  does  not  segregate  to  grain 
boundaries  in  the  Fe-P-Mn  alloy  even  though  the  S  matrix 
concentration  is  virtually  the  same  for  all  the  alloys 
(Table  III).  It  has  been  recognized  that  due  to  the  very 
strong  attractive  S-Mn  interaction,  S  is  in  general  com¬ 
pletely  precipitated  in  the  matrix  of  an  Fe  alloy  containing 
Mn.  This  is  why  S  does  not  participate  in  the  grain  boundary 
embrittlement  problems  of  commercial  Fe  alloys  which  al¬ 
ways  contain  a  certain  amount  of  Mn  for  that  purpose. 

The  variations  of  P,  Mn,  Mo,  and  W  grain  boundary 
segregation  are  plotted  as  a  function  of  aging  time  in 
Figure  6  and  as  a  function  of  aging  temperature  in  Figure  7. 
Each  data  point  in  Figures  6  and  7  represents  the  average  of 
about  10  grain  boundaries.  As  expected,  it  is  found  from 
Figure  6  that  at  the  aging  temperature  of  500  °C,  P,  Mn, 
Mo,  or  W  grain  boundary  segregation  increases  with  in¬ 
creasing  aging  time,  it  is  also  found  from  Figure  7  that 
with  300  hours  aging  the  maximum  P  grain  boundary  segre¬ 
gation  occurs  at  the  aging  temperature  of  500  °C  for  all  the 
alloys.  Seah’s  recent  study3*  on  the  kinetics  of  P  grain 
boundary  segregation  in  an  Fe-Cr-Ni-C  alloy  has  also  shown 
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that  with  300  hours  aging  the  maximum  P  grain  boundary 
segregation  can  be  obtained  at  the  aging  temperature  of 
about  500  °C.  In  the  case  of  alloying  elements  it  can  be  seen 
from  Figure  7  that  the  aging  temperature  for  the  maximum 
grain  boundary  segregation  after  300  hours  aging  is  also 
500  °C  for  Mo  and  W,  but  is  550  °C  for  Mn. 

From  Figures  6  and  7  it  can  be  seen  that  for  a  given  aging 
treatment  the  amount  of  Mn,  Mo,  or  W  grain  boundary 
segregation  is  somewhat  less  than  that  of  P  grain  boundary 
segregation  even  though  the  Mn,  Mo,  or  W  matrix  concen¬ 
tration  is  much  higher  than  P.  This  suggests  that  Mn,  Mo, 
or  W  possesses  a  much  lower  grain  boundary  segregation 
enrichment  ratio  than  P.  Here,  it  should  be  noted  from 
Figure  6  that  in  the  'arly  stages  of  aging  the  grain  boundary 
segregation  rate  of  Mn,  Mo,  or  W  is  apparently  slower  than 
that  of  P. 

It  has  been  believed  that  impurity  grain  boundary  segre¬ 
gation  is  influenced  by  the  presence  of  alloying  elements  in 
Fe  alloys  due  to  the  existence  of  l -A  interaction.  The  I -A 
interaction  and  its  effect  on  impurity  grain  boundary  segre¬ 
gation  have  been  explained  by  the  Guttmann  model.2  Ac¬ 
cording  to  the  Guttmann  model.  Cr,  Mn,  and  Ni  enhance 
impurity  grain  boundary  segregation  by  cosegregating  with 
the  impurity  to  grain  boundaries  due  to  their  moderate  at¬ 
tractive  l-A  interaction,  while  Mo,  Ti,  V,  W.  and  Zr  reduce 
impurity  grain  boundary  segregation  by  precipitating  the 
impurity  in  the  matrix  due  to  their  strong  attractive  l-A 
interaction.  It  was  therefore  expected  that  when  the  Fe-P, 
Fe-P-Mn,  Fe-P-Mo,  and  Fe-P-W  alloys  were  selected  for 
this  study,  P  grain  boundary  segregation  would  be  enhanced 
in  the  Fe-P-Mn  alloy  and  would  be  reduced  in  the  Fe-P-Mo 
and  Fe-P-W  alloys  compared  to  P  grain  boundary  segre¬ 
gation  in  the  Fe-P  alloy.  However,  it  is  of  great  interest  to 
note  from  Figure  8  that  for  a  given  aging  treatment  the  level 
of  grain  boundary  segregation  is  basically  the  same  for  all 
the  alloys.  This  fact  could  suggest  that  P  grain  boundary 
segregation  is  not  affected  by  the  presence  of  Mn,  Mo,  or  W, 
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Fig.  6 — The  variation  of  P,  Mn,  Mo,  or  W  grain  boundary  segregation  with  aging  time  in  the  (a)  Fe-P,  (b)  Fe-P-Mn,  (r)  Fe-P-Mo,  and  (d)  Fe-P-W  alloys. 


and  that  Mn,  Mo,  or  W  does  segregate  to  grain  boundaries 
simultaneously  with  P  but  independently  of  P.  Since  the 
alloys  have  different  grain  size,  the  P  diffusion  distances 
must  be  considered  in  order  to  examine  if  P  grain  boundary 
segregation  may  be  affected  by  the  difference  in  grain  size. 
Gruzin  and  Minal37  have  obtained  the  diffusivity  of  P  in 
Fe  as: 

D?  =  7  x  |(T7  exp  (-20,130/D  m2/sec  [3] 

With  300  hours  aging  treatment  the  calculated  P  diffusion 
distances  are  0.28  jxm  and  8.SS  /xm  for  the  aging  tem¬ 
peratures  of  400  and  600  °C,  respectively.  These  values  are 
much  less  than  the  grain  diameters  of  the  alloys  used  in  this 
study.  The  grain  diameters  of  the  alloys  are  50  to  700  /im 
as  shown  in  Figure  4.  Therefore,  the  grain  size  effect  on  P 
grain  boundary  segregation  would  be  negligible  even  though 
the  grain  boundary  area/ volume  ratio  varies  with  grain  size. 
Based  upon  his  experimental  study  on  the  grain  size  effect, 
Guttmann31  has  also  claimed  that  grain  boundary  segregation 
itself  does  not  vary  with  grain  size. 

Recently,  Briant3*  has  conducted  a  grain  boundary  segre¬ 
gation  study  by  systematically  varying  the  matrix  concen- 
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trations  of  Cr,  Mn,  and  Ni  in  P-doped  Fe  alloys.  His  results 
have  also  shown  that  the  changes  in  the  matrix  concen¬ 
trations  of  Cr,  Mn,  and  Ni  do  not  influence  P  grain  boundary 
segregation.  Based  upon  his  experimental  results,  he  has 
claimed  that  P  grain  boundary  segregation  is  independent 
of  Cr,  Mn,  and  Ni  grain  boundary  segregation.  Hence, 
it  can  be  concluded  from  the  results  of  this  study  and  of 
Briant’s  that  P  and  alloying  elements  segregate  to  grain 
boundaries  independently  and  that  P  grain  boundary  seg¬ 
regation  is  thereby  not  influenced  by  the  presence  of  alloy¬ 
ing  elements. 

B.  The  Effect  o/Mn,  Mo,  and  W  on  Grain 
Boundary  Embrittlement 

As  mentioned  earlier,  the  mechanical-structural  factors 
which  are  also  very  important  variables  controlling  grain 
boundary  embrittlement  could  not  be  effectively  controlled 
in  this  study;  the  Fe-P,  Fe-P-Mn,  Fe-P-Mo,  and  Fe-P-W 
alloys  have  different  grain  size  and  hardness.  However,  the 
values  of  grain  size  and  hardness  are  virtually  identical  for 
all  the  specimens  of  each  alloy  after  the  different  aging 
treatments.  Therefore,  it  is  intended  that  in  the  following 
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discussion  the  comparison  of  the  experimental  results  will 
focus  on  the  individual  alloys. 

The  results  of  hardness,  bend,  and  tension  tests  are  sum¬ 
marized  in  Table  IV.  It  can  be  seen  that  for  a  given  test 
temperature  uy  is  virtually  identical  for  all  the  specimens  of 
each  alloy,  but  varies  with  the  test  temperature.  Figure  9 
shows  that  the  temperature  dependence  of  oy  becomes  large 
at  the  test  temperature  below  about  - 100  °C  and  that  the 


large  temperature  dependence  for  the  Fe-P-Mo  and  Fe-P-W 
alloys  occurs  at  higher  test  temperatures  than  those  for  the 
Fe-P  and  Fe-P-Mn  alloys. 

From  the  values  of  crMm  and  <ry  in  Table  IV,  the  critical 
local  tensile  stress  necessary  for  the  grain  boundary  brittle 
crack  initiation  (oy)  and  the  distance  from  the  notch  root  to 
the  region  of  <tc(Dc)  were  calculated  using  the  Griffiths- 
Owen  analysis.33  Figure  10  shows  the  variations  of  ay  and 


Table  IV.  Coot.  Hardness,  Bend,  and  Tension  Test  Results  of  the  Fe-P,  Fe-P-Mn,  Fe-P-Mo,  and  Fe-P-W  Alloys 
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Fig.  9  —  The  temperature  dependence  of  yield  stress  in  the  Fe-P,  Fe-P-Mn, 
Fe-P-Mo.  and  Fe-P-W  alloys. 


D,  with  aging  time  at  the  aging  temperature  of  500  °C.  With 
increasing  aging  time,  for  the  Fe-P  and  Fe-P-Mn  alloys  ay 
and  D,  decrease  in  the  whole  range  of  aging  time,  but  for 
the  Fe-P-Mo  and  Fe-P-W  alloys  they  decrease  in  the 
early  stages  of  aging  and  then  increase  in  the  later  stages 
of  aging.  The  variations  of  ay  and  Dc  with  aging  time  in 
the  Fe-P-Mo  and  Fe-P-W  alloys  look  anomalous,  but 
these  could  have  arisen  from  the  remedial  effect  of  Mo  or 
W  on  P-induced  grain  boundary  embrittlement  which  can 
be  predicted  from  the  extended  model;  the  earlier  P  grain 
boundary  segregation  weakens  grain  boundaries  and  the  sub¬ 
sequent  Mo  or  W  grain  boundary  segregation  strengthens 
the  weakened  grain  boundaries.  It  was  already  noted  from 
Figure  6  that  in  the  early  stages  of  aging  the  grain  boundary 
segregation  rate  of  P  is  apparently  faster  than  that  of  Mo 
or  W.  The  remedial  effect  of  Mo  and  W  will  be  further 
considered  later. 


It  can  be  noted  from  Table  IV  that  for  each  alloy  the 
values  of  crmm,  tensile  fracture  stress  (oyr),  and  pet  elon¬ 
gation  (pet  e )  show  the  similar  variations  with  aging  time  to 
those  of  ay  and  Dc,  while  the  variation  of  pet  IF  with  aging 
time  shows  the  very  opposite  of  those  of  ay,  Dc,  anom,  <rfr, 
and  pet  e. 

Before  ay  is  correlated  to  the  P,  Mn,  Mo,  and  W  grain 
boundary  segregation  to  observe  the  effect  of  P,  Mn,  Mo, 
and  W  grain  boundary  segregation  on  the  change  in  oy,  it 
needs  to  be  briefly  considered  how  ac  can  be  regarded  as 
the  grain  boundary  strength.  It  has  been  suggested  that 
brittle  fracture  in  a  deformable  solid  may  be  thought  of  as  a 
three-stage  process  which  can  lead  to  a  three-fold  fracture 
criterion.3  The  three  stages  are  the  following: 

1.  A  microcrack  nucleates  at  an  obstacle  (i.e.,  a  second 
phase  precipitate,  inclusion,  grain  boundary,  etc.)  due  to  the 
blockage  of  a  slip  band  or  twin.  For  this  first  stage,  at  least 
local  yielding  is  required. 

2.  The  microcrack  initiates  its  propagation  beyond  the  ob¬ 
stacle.  Hence,  a  certain  value  of  a™'  =  ay  is  required 
depending  on  the  plastic  work  of  fracture  ( yp ). 

3.  The  propagating  microcrack  leads  to  the  long  range 
propagation.  This  depends  on  the  gradient  in  the  maximum 
principal  stress. 

Now,  the  above  three-fold  fracture  criterion  will  be  com¬ 
bined  with  the  following  assumptions:4 

1.  There  is  one  grain  boundary  facet  per  grain  which  is 
oriented  essentially  normal  to  a22. 

2.  The  nucleated  microcrack  initiates  its  propagation  along 
the  embrittled  grain  boundary  in  the  region  of  o-jf. 

3.  The  first  grain  boundary  along  which  the  microcrack 
propagates  triggers  unstable  fracture  of  the  specimen. 
Then,  oy  can  be  considered  as  the  critical  local  tensile  stress 
necessary  for  the  initiation  of  the  grain  boundary  brittle 
fracture  which  is  equivalent  to  the  grain  boundary  strength. 

Recently,  Jokl  et  al.i9i0  have  developed  a  Griffith-type 
fracture  criterion  assuming  that  the  two  processes  of  bond 
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Fig.  10— The  variations  of  the  critical  local  tensile  stress  for  grain  boundary  brittle  crack  initiation  (ov)  and  the  distance  from  the  notch  root  to  the  region 
of  <r,  with  aging  time  in  the  (a)  Fe-P,  (ft)  Fe-P-Mn,  (c)  Fe-P-Mo,  and  (d)  Fe-P-W  alloys. 


breaking  and  dislocation  emission  occur  concomitantly  at 
the  tip  of  a  microcrack  during  brittle  fracture  of  a  defor¬ 
mable  solid.  This  criterion  suggests  that  the  plastic  work  of 
fracture  and  the  microcrack  stress  intensity  are  directly  re¬ 
lated  to  the  ideal  work  of  fracture.  They  have  also  proposed 
that  the  microcrack  stress  intensity  at  fracture  would  be 
related  to  <rr  in  the  form: 

=  (< rcVnc )2  +  [f(<rc,  c,  /,  t)]2  14] 

where  c  is  the  length  of  the  microcrack,  /  is  the  length  of  the 
initial  dislocation  pile-up  that  nucleates  the  microcrack,  and 
r  is  the  lattice  friction  stress  for  dislocation  motion.  There¬ 
fore,  it  would  be  expected  that  the  grain  boundary  strength 
is  directly  related  to  the  ideal  work  of  fracture  which  is 
equivalent  to  the  grain  boundary  cohesive  energy. 

Combining  the  information  of  the  grain  boundary  strength 
with  the  grain  boundary  chemistry,  the  variation  of  the  grain 
boundary  strength  may  be  considered  for  each  alloy  as  a 
function  of  the  amount  of  P,  Mn,  Mo,  or  W  grain  boundary 
segregation.  As  mentioned  earlier,  a  very  small  amount  of 
S  grain  boundary  segregation  occurs  in  Fe-P,  Fe-P-Mo,  and 
Fe-P-W  alloys.  However,  the  amount  of  S  grain  boundary 
segregation  does  not  much  vary  with  different  aging  treat¬ 
ments  for  each  alloy.  Therefore,  the  effect  of  S  on  the  grain 
boundary  strength  would  be  about  the  same  for  all  the 


specimens  of  each  alloy,  and  the  grain  boundary  strength 
change  would  mainly  be  attributed  to  the  change  in  P,  Mn, 
Mo,  or  W  grain  boundary  segregation  for  the  specimens  of 
each  alloy. 

Figure  1 1  shows  the  variation  of  grain  boundary  strength 
with  the  amount  of  P  grain  boundary  segregation.  It  can  be 
seen  that  the  grain  boundary  strength  decreases  with  in¬ 
creasing  P  grain  boundary  segregation  in  the  Fe-P  alloy  and 
in  the  Fe-P-Mn,  Fe-P-Mo,  or  Fe-P-W  alloy  for  a  given  Mn, 
Mo,  or  W  grain  boundary  segregation.  The  variation  of 
the  grain  boundary  strength  is  plotted  for  the  Fe-P-Mn, 
Fe-P-Mo,  or  Fe-P-W  alloy  as  a  function  of  Mn,  Mo,  or  W 
grain  boundary  segregation  in  Figure  12.  It  can  be  noted 
from  Figure  12  that  for  a  given  P  grain  boundary  segregation 
the  grain  boundary  strength  decreases  with  increasing  Mn 
grain  boundary  segregation  and  increases  with  increasing 
Mo  or  W  grain  boundary  segregation.  Since,  as  discussed 
earlier,  the  grain  boundary  cohesive  energy  would  be  di¬ 
rectly  related  to  the  grain  boundary  strength,  the  grain 
boundary  cohesive  energy  would  show  the  similar  variation 
with  P,  Mn,  or  W  grain  boundary  segregation  to  that  of 
the  grain  boundary  strength;  the  grain  boundary  cohesive 
energy  would  decrease  with  increasing  P  or  Mn  grain 
boundary  segregation  and  would  increase  with  increasing 
Mo  or  W  grain  boundary  segregation.  These  experimental 
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Fig.  1 1  — The  variation  of  the  grain  boundary  strength  with  P  grain  boundary  segregation  in  the  (a)  Fe-P.  (fe)  Fe-P-Mn.  (c)  Fe-P-Mo,  and  (</)  Fe-P-W  alloys. 


results  are  consistent  with  the  original  and  extended  non¬ 
equilibrium  models.  The  reduced  grain  boundary  cohesive 
energy  due  to  P  grain  boundary  segregation  was  predicted 
from  the  original  model,  and  the  embrittling  effect  of  Mn 
and  the  remedial  effect  of  Mo  and  W  on  P-induced  grain 
boundary  embrittlement  in  the  Fe-P-Mn,  Fe-P-Mo,  and 
Fe-P-W  alloys  were  predicted  from  the  extended  model. 

As  discussed  previously,  the  effect  of  alloying  elements 
on  P-induced  grain  boundary  embrittlement  could  also  be 
explained  by  the  effect  of  alloying  elements  on  the  P  em¬ 
brittling  potency  determined  by  their  relative  electro¬ 
negativities  to  P  and  Fe.  w  This  idea  could  be  promising  to 
reveal  the  interaction  between  impurities  and  alloying  ele¬ 
ments  at  the  grain  boundary  and  its  effect  on  grain  boundary 
embrittlement.  This  study  did  not  intend  to  confirm  experi¬ 
mentally  this  idea.  The  results  from  an  AES  and  ionization 
loss  spectroscopy  study  have  suggested  some  evidences  of 
the  above  effect,  but  still  are  not  quite  satisfactory.26  More 
research  efforts  are  necessary  to  establish  fully  the  /-A  cross¬ 
effect  on  the  embrittling  and  remedial  effects  of  impurities 
and  alloying  elements. 


V.  CONCLUSIONS 

1.  The  extended  nonequilibrium  model  can  directly  and 
simply  predict  the  effect  of  alloying  elements  on  the 
impurity-induced  grain  boundary  embrittlement  in  terms 
of  the  grain  boundary  cohesive  energy.  The  extended 
model  suggests  that  Mo,  W,  and  Zr  strongly  reduce.  Ni, 
Ti,  and  V  slightly  reduce,  and  Cr  and  Mn  enhance 
impurity-induced  grain  boundary  embrittlement  in  an 
Fe-/-A  system.  In  this  study  the  predictions  were  made 
only  for  an  Fe-/-A  system,  but  the  extended  model  can 
be  applied  to  all  the  materials  which  encounter  a  grain 
boundary  embrittlement  problem  associated  with  grain 
boundary  segregation  of  the  substitutional  solutes.  This 
model  is  also  applied  to  the  impurity-induced  interfacial 
embrittlement  in  a  metal  matrix  composite  containing 
low  impurity  solubility  fibers. 

2.  The  experimental  results  on  the  Fe-P,  Fe-P-Mn,  Fe-P- 
Mo,  and  Fe-P-W  alloys  show  that  for  a  given  P  grain 
boundary  segregation  the  grain  boundary  strength  de¬ 
creases  with  the  Mn  grain  boundary  segregation  and 
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increases  with  Mo  or  W  grain  boundary  segregation, 
which  is  consistent  with  the  predictions  from  the  ex¬ 
tended  model. 

3.  The  grain  boundai.,  strength  decreases  with  P  grain 
boundary  segregation  in  the  binary  Fe-P  alloy.  Also,  for 
a  given  Mn,  Mo,  or  W  grain  boundary  segregation  the 
grain  boundary  strength  decreases  with  P  grain  segre¬ 
gation  in  the  Fe-P-Mn,  Fe-P-Mo,  or  Fe-P-W  alloy. 

4.  P  grain  boundary  segregation  is  not  influenced  by  the 
presence  of  Mn,  Mo,  or  W  in  the  Fe  alloy.  Mn,  Mo,  or 
W  grain  boundary  segregation  occurs  simultaneously 
with  P  grain  boundary  segregation;  but  Mn,  Mo,  or  W 
grain  boundary  segregation  is  independent  of  P  grain 
boundary  segregation. 

5.  In  the  Fe-P,  Fe-P-Mn,  Fe-P-Mo,  or  Fe-P-W  alloy,  with 
300  hours  aging  treatment,  the  maximum  P,  Mo,  or 
W  grain  boundary  segregation  occurs  at  500  °C,  while 
the  maximum  Mn  grain  boundary  segregation  occurs 
at  550  °C. 

6.  In  the  early  stages  of  aging  treatment,  the  grain  boundary 
segregation  rate  of  Mn,  Mo,  or  W  is  apparently  slower 
than  that  of  P  in  the  Fe-P-Mn,  Fe-P-Mo,  or  Fe-P-W  alloy. 

7.  With  increasing  aging  time  at  500  °C,  the  grain  boundary 
strength  decreases  for  the  Fe-P  and  Fe-P-Mn  alloys; 
but  for  the  Fe-P-Mo  and  Fe-P-W  alloys  the  grain  bound- 


(b) 


Fig,  12  —  The  variation  of  the  grain  boundary  strength  with  Mn.  Mo,  or 
W  grain  boundary  segregation  in  the  (a)  Fe-P-Mn,  (b)  Fe-P-Mo,  and 
(c)  Fe-P-W  alloys. 


ary  strength  decreases  in  the  early  stages  of  aging  and 
then  increases  in  the  later  stages  of  aging.  This  anoma¬ 
lous  variation  in  the  Fe-P-Mo  and  Fe-P-W  alloys  is 
caused  by  the  remedial  effect  of  Mo  and  W  on  P-induced 
grain  boundary  embrittlement  (/'.<?.,  the  earlier  P  grain 
boundary  segregation  weakens  grain  boundaries  and  then 
the  subsequent  Mo  or  W  grain  boundary  segregation 
strengthens  the  weakened  grain  boundaries). 


APPENDIX  A 

List  of  symbols 


Superscript 

B  boundary  region  in  a  grain  boundary  (see  Figure  1) 
BM  boundary  matrix  interface  region  in  a  grain  boundary 
(see  Figure  I) 

/  final  state 

F  fiber  in  a  composite  material 

GB  grain  boundary  which  consists  of  B  and  BM 

i  initial  state 

/  interface  region  in  a  composite  material 

(see  Figure  Al) 

M  matrix  (see  Figures  1  and  Al) 

T  total  system 


Nomenclature 

A  interfacial  area 
c  microcrack  length 

Dc  distance  from  the  notch  root  to  the  region  <rr 
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Dp  diffusion  coefficient  of  P 
G  Gibb’s  free  energy 
H  enthalpy 

H_j  molar  enthalpy  of  pure  element  j 
Hi  partial  molar  enthalpy  of  component  j 
_  (H,  =  SH/SN) 

mHj  partial  molar  mixing  enthalpy  of  component  j 
CHj  =  HJ-  H) 

Hf  sublimation  enthalpy  of  pure  element  j  per  unit  area 
kFR  microcrack  stress  intensity  at  fracture 
I  length  of  the  initial  dislocation  pile-up 
Nj  number  of  moles  of  component  j 

s  interfacial  tension 

S  entropy 

Xj  molar  fractional  monolayer  of  component  j 

Z  coordination  number 

y  ideal  work  of  fracture 

H,  chemical  potential  of  component  j 

a,  critical  local  tensile  stress 

<Tfr  tensile  fracture  stress 

a„m  nominal  bending  stress 

<rv  tensile  yield  stress 

aff'  maximum  principal  stress 


APPENDIX  B 

The  extension  of  the  nonequilibrium  model 
to  Fe-/ -A  ternary  systems 

By  the  definition  of  the  Gibb’s  free  energy  (i.e. ,  G  = 
H  ~  TS ),  the  total  Gibb’s  free  energy  change  during  the 
grain  boundary  segregation  process  can  be  expressed  as: 

SGT  =  8Ht  ~  T8St  [Bl] 

where  HT  and  ST  are  total  enthalpy  and  entropy  of  the  sys¬ 
tem,  respectively.  Since  the  configuration  entropy  does  not 
contribute  to  the  grain  boundary  cohesive  energy1  and  the 
contribution  of  the  vibrational  entropy  to  the  grain  bound¬ 
ary  cohesive  energy  is  negligible,7  the  enthalpy  change  in 
the  grain  boundary  region  during  the  grain  boundary  segre¬ 
gation  process  is  equivalent  to  the  grain  boundary  cohesive 
energy  change  associated  with  grain  boundary  segregation. 

The  total  enthalpy  of  the  system  consisting  of  the  bound¬ 
ary  (B),  boundary  matrix  interface  (BM),  and  matrix  (M) 
regions  as  shown  in  Figure  1  can  be  described  as  the  sum  of 
the  enthalpy  of  each  region  since  enthalpy  is  an  extensive 
thermodynamic  variable: 

HT  =  HB  +  HBM  +  Hm  [B2] 

From  Eq.  [B2]  the  total  enthalpy  change  of  the  system 
during  grain  boundary  segregation  can  be  expressed  as  the 
sum  of  the  enthalpy  change  of  each  region: 

8HT  =  8HB  +  8Hbm  +  8HM  [B3] 

Here,  we  are  mainly  interested  in  the  enthalpy  change  in 
the  grain  boundary  region  since  this  is  directly  equivalent 
to  the  grain  boundary  cohesive  energy  change  associated 
with  grain  boundary  segregation.  Hence,  by  rearranging 
Eq.  [B3J,  we  obtain  the  grain  boundary  cohesive  energy 
change  associated  with  grain  boundary  segregation  as: 

8HCB  =  8HB  +  8H™  =  8HT  -  8HM  IB4J 


The  terms  8HT  and  8HM  in  Eq.  [B4]  have  been  calculated 
by  Stark  and  Marcus.1  For  a  multi-component  system  the 
terms  8HT  and  8HM  can  be  expressed  as: 


8HT  =  8H%  +  8Hl“ 

[B5] 

n 

8HM  =  HfSNf  +  X  Hf  8Nf 

[B6] 

y=2 


where  Hf  is  the  molar  enthalpy  of  the  pure  solvent  1  in  M, 
Hf  is  the  partial  molar  enthalpy  of  the  solute  j  in  M,  8Nf  is 
the  change  in  the  number  of  moles  of  1  in  M,  and  8Nf  is 
that  of  j  in  M.  The  terms  8H%  and  8Hf  in  Eq.  (B5J  are  the 
enthalpy  changes  in  B  and  BM,  respectively,  when  B  and 
BM  are  transformed  from  their  initial  high  energy  state  to 
their  final  low  energy  state.  This  transformation  is  equiva¬ 
lent  to  the  system  undergoing  grain  boundary  segregation  as 
an  attempt  to  obliterate  the  high  grain  boundary  energy.  A 
better  understanding  of  these  terms  may  be  obtained  from 
the  details  of  the  development  of  Eqs.  [B5]  and  [B6] 
presented  in  Reference  1 . 

Assuming  that  each  solute  atom  displaces  one  solvent 
atom  from  fl  or  BM  to  M  when  solute  atoms  segregate  from 
M  to  B  or  BM,  we  may  find  that  the  sum  of  the  changes  in 
the  number  of  moles  of  solvent  and  solutes  in  M  is  zero: 

n 

8Nf  +  X  8Nf  =  0  [B7] 

1“  2 

The  above  assumption  is  at  least  approximately  true  for  a 
grain  boundary  segregation  process  of  the  substitutional  sol¬ 
utes.  Therefore,  the  following  analysis  can  be  applied  only 
to  the  substitutional  solutes  segregating  to  grain  boundaries. 

Substituting  Eq.  [B7]  to  Eq.  [B6],  we  obtain: 

8Hm  =  1  (Hf  -  Hf)  8Nf  [B8] 

By  using  the  partial  molar  mixing  enthalpy  term  which  is 
defined  as  mHf  =  Hf  -  //",  Eq.  (B8]  can  be  rewritten  as: 

n 

8HM  =  2  ("Hf  +  Hj  -  Hf)  8Nf  [B9] 

y-2 

Now,  combining  Eqs.  [B4],  [B5],  and  [B9],  we  may  obtain 
the  grain  boundary  cohesive  energy  change  during  grain 
boundary  segregation  for  a  multicomponent  system  as: 

8HaB  =  8HB  +  8HBM 

n 

=  8HB  +  8HBM  -  X  ("Hf  +  Hf  -  Hf)  8Nf 

[BIO] 

The  main  purpose  of  this  analysis  is  to  study  the  effect 
of  alloying  elements  on  impurity-induced  grain  boundary 
embrittlement  in  Fe  alloys.  Hence,  Eq.  [BIO]  will  be  applied 
to  an  Fe-/ -A  ternary  system.  For  an  Fe-/ -A  ternary  system, 
Eq.  [BIO]  can  be  rewritten  as: 

8Hcb  =  8HB  +  8HBM 

=  8H%  +  8HlM  -  (mHf  +  Hf  -  Hf)  8Nf 
-  ("Hf  +  Hf  -  Hf)8Nf 

[B 11] 


•J 


3 


cc 

•a 
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By  using  Eq.  [Bll],  it  is  now  possible  to  estimate  nu¬ 
merically  the  effect  of  alloying  elements  on  impurity- 
induced  grain  boundary  embrittlement  using  the  published 
thermodynamical  data  on  the  molar  enthalpies,  the  partial 


molar  mixing  enthalpies,  and  the  measured  grain  boundary 
chemistry  with  the  proper  assumption  on  the  terms  8H* 
and  8H&. 


APPENDIX  C 

The  segregation  effect  on  interfacial 
cohesion  in  composite  materials 


model,1  the  enthalpy  change  in  the  interface  region  can  be 
written  as: 

n 

8H'  =  8H‘*  -  HfSN?  -  'ZHfbNf  [C4] 

Since  the  enthalpy  change  in  the  interface  region  during 
interfacial  segregation  is  equivalent  to  the  interfacial  cohe¬ 
sive  energy  change  associated  with  interfacial  segregation, 
the  effect  of  interfacial  segregation  on  the  interfacial  cohe¬ 
sive  energy  in  continuous  fiber  metal  matrix  composite 
materials  can  be  numerically  estimated  by  using  Eq.  [C4], 


The  nonequilibrium  model  which  describes  the  influence 
of  grain  boundary  segregation  on  the  grain  boundary  cohe¬ 
sive  energy  can  be  applied  to  the  interfacial  embrittlement 
problems  associated  with  impurity  interfacial  segregation  in 
continuous  fiber  metal  matrix  composite  materials.  The 
nonequilibrium  model  has  been  modified  for  the  application 
to  composite  materials4'  by  adopting  most  of  the  basic 
assumptions  used  for  the  development  of  the  nonequilibrium 
model  with  some  other  assumptions  which  are  suitable  for 
the  nature  of  composite  materials. 

The  total  Gibb’s  free  energy  of  a  multicomponent  system 
which  consists  of  the  matrix  (A/),  interface  (/),  and  fiber  (F) 
as  shown  in  Figure  A1  can  be  given  as: 

Cr=XS^‘  +  s'/l'  [Cl] 

y=i  * 

where  /j.j  is  the  chemical  potential  of  component  j  in  k 
(k  =  M,  /,  or  F),  Nj  is  the  number  of  moles  of  j  in  k,  s' 
is  the  interfacial  tension,  and  A'  is  the  interfacial  area. 
Assuming  that  F  is  made  of  pure  element  and  defining  that 
the  component  1  is  the  solvent  in  M ,  the  components  2  to 
n  -  1  are  the  solutes  in  M  and  the  component  n  is  the 
element  of  pure  solid  F,  we  may  rewrite  Eq.  [Cl]  as: 

H-  l 

GT='Z’Zti]^+fiFNFn+s'A'  [C2] 

where  q  is  M  or  /. 

With  the  following  three  assumptions:  (1)  interfacial 
segregation  takes  place  at  the  constant  interfacial  area, 
temperature,  and  pressure,  (2)  entropy  production  during 
the  interfacial  segregation  process  is  negligible,  and  (3)  no 
flux  occurs  between  F  and  M  ox  I  during  the  interfacial 
segregation  (i.e.,  nJF  =  yJF  and  N,F  =  N'F),  we  may  de¬ 
scribe  the  total  Gibb’s  free  energy  change  associated  with 
interfacial  segregation  as: 

n-  I 

8GT  =  2  2!  (tfN?  -  nfNf)  +  (s"  -  s")A'  [C3] 

1 

where  superscripts  i  and /represent  the  initial  and  final  state, 
respectively.  Following  the  derivation  of  the  nonequilibrium 


Matrix  (M) 


Interface  (/ ) 

s' 

Fiber  (F) 

Interface  (/) 

s' 

Matrix  (M) 

Fig.  At  — Model  of  the  interface  region  in  composite  materials. 
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TEM  AND  EELS  INfERFACIAL  STUDIES  OF  Ti 
METAL  MATRIX  COMPOSITES 
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and  H.L.  Marcus 

Center  for  Materials  Science  and  Engineering 
The  University  of  Texas 
Austin,  TX  78712 


Introduction 

The  interface  of  li  MMC  plays  a  significant  role  in  the  mechanical 
properties  [1-5].  In  terms  of  the  fiber,  the  matrix  ,  the  processing 
and  elements  diffused  down  the  interface,  extremely  complex  interfaces 
can  be  established.  To  establish  the  chemical  and  crystallography 
of  the  interface  ion  thinned  specimens  were  studied  using  TEM  and 
EELS.  Some  TEM  results  had  been  reported  in  the  literature  [6] 
describing  the  morphology  and  phases  present  at  the  interface. 

The  results  of  the  TEM/EELS  studies  are  reported  here.  The 
materials  analyzed  are  the  Ti-6A1-4V  metal  matrix  composites  containing 
continuous  SiC,  B4C/B  and  Borsic  fibers. 

Sample  Preparation 

In  order  to  perform  the  TEM  interfacial  analysis,  150-200  pm 
transverse  sections  were  cut  with  a  diamond  cutting  wheel.  The 
specimen  was  then  glued  to  a  glass  slide  and  thinned  with  a  9  pm 
diamond  paste  on  a  glass  plate  followed  by  3  pm  diamond  paste  for 
the  final  polishing.  The  sample  was  approximately  30  pm  thick  and 


was  ready  for  ion  beam  thinning.  It  should  be  noted  that  diamond 
paste  on  a  nylon  cloth  did  not  work  for  the  thinning  operation. 

An  Edwards  IBT  200  ion  beam  accessory  was  used  to  prepare  the 
TEM  specimens.  It  was  found  that  at  the  20°  tilting  angle  (the 
specimen  plane  with  respect  to  the  incident  ion  beam),  the  6  Kev 
accelerating  ion  beam  voltage  would  sputter  the  Ti  metal  matrix 
faster  than  the  three  kinds  of  fibers.  Fig.  la.  If  the  accelerating 
voltage  was  adjusted  to  5 \  Kev,  fiber  sputtering  was  observable. 

Fig.  lb.  The  large  fiber  diameter  leads  to  easy  breakout  from  specimen 
surface.  Therefore,  extreme  care  must  be  taken  to  preserve  the 
composite  interface. 

Interface  TEM  Results  and  Discussion 

In  the  as-received  Ti/SiC  MMC  specimens,  many  phases  were  present 
at  the  interface.  These  include  TiO,  TiC  and  Ti02-  The  TiC  results 
are  shown  in  Fig.  2  and  the  Ti 0g  in  Fig.  3.  Following  thermal  cycling 
of  the  Ti/SiC  MMC  in  the  sulfur  environments  TiS2  was  found  at  the 
interface.  The  comparison  of  d  spacing  data  of  TiS2  diffraction 
pattern  with  the  many  other  Ti -sulfide  compounds  showed  that  the 
TiS2  was  the  main  one  formed. 

In  the  Ti/B4C/B  MMC  the  compounds  TiO  and  TiB2  were  found  in 
the  interfaces.  This  was  in  samples  in  the  as-received  condition. 

The  TiB2  is  shown  in  Fig.  4. 

The  interface  of  Ti/Borsic  MMC  shows  the  SiC  layer  of  the  borsic 
fiber  as  confirmed  by  STEM-EELS  and  TEM  (Fig.  5).  Near  to  the  Ti 
matrix  there  is  a  thin  layer  which  was  indexed  as  TiC.  The  EELS 
spectrum  taken  from  this  region  shows  Si,  C  and  Ti  (Fig.  6).  Since 


in  the  United  States  and  Japan,  ASTM  STP  864,  J.R.  Vinson  and 
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Fig.  1.  Ion  beam  thinning  of  Ti  MMC.  The  SEM  stereo  pairs  show  that: 

(a)  After  sputtering  at  6  Kev  the  fibers  have  not  been  sput¬ 
tered  sufficiently  so  they  are  thicker  than  the  Ti  Matrix. 

(b)  After  adjusting  the  ion  beam  accelerating  voltage  to  5.5 
Kev,  the  fibers  were  about  the  same  thickness  as  the  matrix. 


Fig.  4.  HB2  was  found  in  the  interface  of  Ti/B4C/B  MMC. 

(a)  diffraction  pattern;  (b)  bright  field;  (c)  dark  field 


Interface  area  of  Borsic  fi 
matrix. 


•  • 


STEM-EELS  spectrum  shows  that  there  Is  a  thin  TiC  interface 
layer  with  a  little  Si  near  to  the  Ti  matrix  of  the  Ti/Borsic 


